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Resumen en español 

1. Introducción

Los óxidos complejos son una familia de compuestos de óxidos de metales de transición con un amplio 

espectro de propiedades para su aplicación en electrónica de óxidos, como son: ferromagnetismo, 

antiferromagnetismo, superconductividad, ferroelectricidad, etc. En particular, son buenos candidatos para 

dispositivos reales, ya que las interfases de estos materiales generan un escenario prometedor gracias a la 

interacción entre sus efectos eléctricos y magnéticos [1]. Las distintas interacciones entre los distintos grados de 

libertad como son la carga, el espín, la red cristalina y los orbitales dan lugar a una amplia variedad de fases 

electrónicas. Por tanto, la combinación de estas propiedades en heteroestructuras de alta calidad cristalina pueden 

dar lugar a diferentes estados electrónicos [2]. El comportamiento de los electrones en estos sistemas está sujeto 

a las interacciones culombianas con primeros vecinos y, por tanto, los materiales no se pueden describir con el 

modelo clásico de bandas. Un ejemplo de este tipo de comportamiento es el que se da en los aislantes de Mott, 

en los que la repulsión culombiana es suficientemente intensa para inducir un estado aislante a pesar de que la 

teoría de bandas prediga exactamente lo opuesto para una ocupación parcial de las bandas [3].  

Es bien sabido que este tipo de materiales crecen con deficiencias de oxígeno, las cuales pueden dar lugar 

a cambios en sus las propiedades físicas, ya sea por el efecto electrónico de dopado o por los cambios 

estructurales que puedan generar en la red cristalina. Por ejemplo, el LaMnO3 estequiometrico es un aislante 

antiferromagnético que presenta ferromagnetismo cuando la red es deficiente en oxígeno [4]. Otros estudios 

demuestran que la familia de cobaltitas (La,Sr)CoO3 en película delgada sobre sustratos de NdGaO3 y 

(La,Sr)(Al,Ta)O3 tiene diferentes imanaciones de saturación [5]. Es estos experimentos se ha demostrado que, 

la diferencia en el contenido de vacantes de oxígeno en las películas delgadas para diferentes sustratos pueden 

ser responsables de la mejora observada en las propiedades magnéticas. Un caso particularmente importante es 

el del LaCoO3, en el que se ha demostrado que cuando se crece en película delgada hay que tener en cuenta la 

combinación de la tensión epitaxial y las vacantes de oxígeno, pues ambos fenómenos son interdependientes. En 

este caso, la estabilización de espín del Co2+ y Co3+ está directamente relacionado con una superestructura 

ordenada de vacantes en la red que da lugar a la interacción de canje ferromagnética. 

Otro tipo de sistemas en óxidos de metales de transición a tener en cuenta son aquellos que integran óxidos 

ferroeléctricos en sus estructuras. En estos dispositivos, las vacantes de oxígeno permiten que se den varios 

estados memristivos debido a la alta movilidad de éstas comparada con los otros cationes [6,7]. También se dan 

casos en los que las vacantes pueden incluso estabilizan fronteras de dominios ferroeléctricos, como es el ejemplo 

en uniones túnel multiferroicas, basadas en barreras ferroeléctricas de BaTiO3, en las que se han observado cómo 

la estabilización de  paredes de dominio head-to-head o tail-to-tail dan lugar a conductividad túnel resonante [8]. 

Por último, no podemos olvidar los conductores iónicos, específicamente el ZrO2:Y2O3. En este sistema se 

ha encontrado conductividad iónica colosal, producto de una tensión epitaxial del 14% en películas ultradelgadas 

crecidas entre capas de SrTiO3. Barriocanal et al. proponen que las reconstrucciones atómicas en interfaces tan 

diferentes dan lugar a un gran número de portadores así como un plano de alta movilidad, reportando un plano 

lateral de alta conductividad con una mejora en 8 órdenes de magnitud cerca de temperatura ambiente [9,10]. 



La formación de vacantes de oxígeno se puede controlar durante el proceso de crecimiento, ya sea 

realizando recocidos en vacío a alta temperatura. Oras rutas son la tensión epitaxial, ya que al introducir sustratos 

con ciertos grados de tensión pueden forzar a la película delgada a crecer con un contenido de vacantes para 

minimizar su energía [11]. Por esto, basándonos en este grado de libertad, la motivación de esta tesis ha sido la 

fabricación y caracterización de heteroestructuras y películas delgadas en las que el oxígeno juega un papel 

esencial. Este trabajo está focalizado en los cambios locales que provocan las vacantes y que lugar a cambios o 

mejoras en las propiedades macroscópicas, de transporte y magnetismo, para diferentes sistemas en los que hay 

una falta de oxígeno.   

2. Resultados

Dentro del marco introducido, los resultados de esta tesis se organizan en los siguientes experimentos: 

En primer lugar, se ha estudiado la anisotropía magnética de películas delgadas de La0.7Sr0.3MnO3 crecidas 

sobre LaCoO3. En primer lugar, se ha realizado un estudio por STEM-EELS de películas delgadas de La1-

xSrxCoO3 sobre sustratos con diferentes grados de tensión epitaxial (compresivo y expansivo), con objeto 

de utilizar los resultados para un análisis de los estados de oxidación en un análisis posterior. El experimento 

consiste en la fabricación de uniones túnel multiferroicas con electrodos de La0.7Sr0.3MnO3 y barreras 

aislantes de LaCoO3. La tensión epitaxial inducida por el sustrato de SrTiO3 en la barrera de LaCoO3 da 

lugar a la aparición de planos atómicos La-La con diferentes elongaciones debido a la presencia de vacantes 

de oxígeno. Estos efectos tienen implicaciones importantes en la anisotropía magnética del electrodo de 

La0.7Sr0.3MnO3, que se encuentra crecido sobre LaCoO3. De este modo, se ha realizado un estudio en bicapas 

con secuencia de crecimiento intercambiada (La0.7Sr0.3MnO3/ LaCoO3 y LaCoO3/ La0.7Sr0.3MnO3). Se han 

encontrado evidencias de cambios en la anisotropía magnética en las películas de La0.7Sr0.3MnO3 crecidas 

sobre LaCoO3 debido al desorden estructural inducido por los planos de vacantes desordenados en el 

LaCoO3. 

El siguiente experimento ha estado dedicado a la fabricación y caracterización de uniones túnel 

multiferroicas basadas en La0.7Sr0.3MnO3/ BaTiO3/ La0.7Sr0.3MnO3, en las cuales se ha introducido una 

asimetría en el sistema, consistente en una película ultradelgada de un cuprato fuertemente desoxigenado 

entre el electrodo superior y la barrera de BaTiO3. La introducción de una gran densidad de vacantes en el 

sistema ha dado lugar a una mejora en la electrorresistencia túnel en un 104%. Además, se ha observado 

que el estado de polarización y la posición en la red de las vacantes de oxígeno se puede controlar el tamaño 

de la zona de carga espacial. Con esto se ha buscado mejorar la electrorresistencia túnel y la 

magnetorresistencia túnel de las uniones. 

Por último, el sistema que se presenta en este capítulo es un conductor iónico de oxígeno bien conocido, el 

Y2O3:ZrO2. Este trabajo está basado en el crecimiento de interfaces fluoirta/perovskita con planos de 

terminación con distintas simetrías y un grado de tensión epitaxial muy pequeño. El sustrato elegido es el 

YAlO3, por tener parámetros de red muy similares y ser un material muy aislante. El Y2O3:ZrO2 se ha 

crecido en películas delgadas de distintos grosores sobre sustratos de YAlO3, dando lugar a un aumento de 

la conductividad que viene determinado por los primeros 4 nm de Y2O3:ZrO2. Se ha realizado un estudio de 

los efectos interfaciales utilizando espectroscopía de impedancias y STEM-EELS. 
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3. Conclusiones

A lo largo de esta tesis hemos mostrado como los efectos interfaciales en presencia de vacantes de oxígeno 

pueden dar lugar a cambios fundamentales en las propiedades eléctricas y magnéticas. Particularmente en este 

trabajo, se han crecido y caracterizado varios sistemas basados en óxidos fuertemente correlacionados, los cuales 

muestran una gran sensibilidad a los cambios locales. Por este motivo se han crecido diferentes 

heteroesctructuras y hemos fabricado un dispositivo con objeto de estudiar los fenómenos derivados de la 

presencia de vacantes de oxígeno, utilizándolas como grado de libertad en dispositivos emergentes. Gracias a 

las técnicas de crecimiento por sputtering y la microscopía electrónica con corrector de aberraciones hemos 

podido fabricar y estudiar de forma local las fluctuaciones en la composición química o en la estructura, 

estableciendo conexiones entre mecanismos atómicos y las propiedades eléctricas y magnéticas de los sistemas. 
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Chapter 1: Introduction 

1. Motivation: oxygen vacancies in transition metal oxides

Transition metal oxides (TMO’s) are a family of compounds of with a wide spectrum of physical properties 

which are very promising for future applications in oxide electronics: ferromagnetism, antiferromagnetism, 

superconductivity, ferroelectricity, etc. They are also good candidates for devices because they are highly 

compatible and interfaces of these materials allow studying the interplay between different electric and magnetic 

effects [1]. The different interactions between the charge, spin, lattice and orbital degrees of freedom at oxide 

interfaces give rise to a wide variety of electronic phases, stemming from the combination of proximity, reduced 

dimensionality and strong correlations [2,3].  

An additional degree of freedom than can strongly affect the properties of oxide films is the presence of 

point defects such as O vacancies. It is well known that TMO’s grow with oxygen deficiencies, and oxygen 

stoichiometry can affect significantly the functional properties of the system either by the doping the materials 

or by the structural changes induced in the crystal lattice. For example, while stoichiometric LaMnO3 is an 

antiferromagnetic insulator, experimental samples tend to be oxygen deficient and exhibit ferromagnetism [4]. 

Epitaxial strain due to lattice mismatch is another key player when studying the properties of thin films and 

interfaces. Unexpected behaviors can be ensured from strain fields. For example, the antiferromagnetic insulator 

LuMnO3 has been reported to stabilize a ferromagnetic ground state when grown in epitaxial thin film form. In 

this case, the ferromagnetism is found close to the film substrate interface where strain effects are largest [5]. 

More recent studies of epitaxial (La,Sr)CoO3 films on similarly lattice-matched NdGaO3 and (La,Sr)(Al,Ta)O3 

(LSAT) substrates showed different saturation magnetization values [6]. In these studies, the authors 

demonstrate that the different oxygen stoichiometry of the films grown on the two different substrates can 

account for the enhancement of the magnetic properties. Particularly, Metha et al. studied the combined effects 

of epitaxial strain and defects on the magnetic properties of LaCoO3 films. They demonstrated that both factors 

affect the magnetism of the samples in a close loop, since epitaxial strain induces the formation of oxygen 

vacancy ordering with geometries related to stress release mechanisms. They found that the stabilization of 

higher spin Co2+ and Co3+ states combined with an ordered oxygen vacancy superstructures can account for the 

ferromagnetic exchange interaction observed. In ferroelectric devices, oxygen vacancies allow the presence of 

memristive states since they are more mobile than cations in TMO’s [7,8]. O vacancies in multiferroic tunnel 

junctions (MTJ’s) are responsible for resonant tunneling in La0.7Sr0.3MnO3/BaTiO3/La0.7Sr0.3MnO3 junctions 

through states in head-to-head domain walls [9]. 

These are a few examples of interest in spintronics, but there are other complex oxides of interest in fields 

such as energy materials and related devices. Colossal ionic conductivity can result from the 7% epitaxial strain 

between ZrO2:Y2O3 ultrathin films and SrTiO3 (STO). Barriocanal et al. proposed that the atomic reconstructions 

at the interface between highly dissimilar structures (fluorite and perovskite) provided both large number of 

carriers and a high-mobility plane, reporting a high lateral ionic conductivity with an enhancement of eight orders 

of magnitude near room temperature [10,11].   
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The density of O vacancies in all these compounds can be controlled during the growth process by in-situ 

annealings in vacuum at high temperature or by the introduction of tensile or compressive substrates that may 

force the structure to grow with an oxygen deficient content to minimize strains [12]. Thus, the motivation of 

this thesis harnessing this degree of freedom and exploiting new functionalities in heterostructures and thin films. 

We will focus on characterizing changes in the structure, electric and magnetic properties of different systems 

where a lack or disorder of the oxygen lattice is present. In the next sections of this introduction, the physical 

properties of chosen systems of interest in spintronics and energy are summarized. At the end of the chapter, the 

outline of the work included in this thesis is presented. 

2. Multiferroic tunnel junctions

Spin-based electronics is an emerging field which exploits the quantum nature of electrons [13,14]. The 

spin of the electron is used as a magnetic degree of freedom to control the conduction. Manifestations of the spin 

are found in ferromagnetic metals, where an imbalance of spin populations at the Fermi surface can result in 

charge carrier spin polarization. Thus, magnetic fields can be used to manipulate spin polarized electrical 

currents, providing an additional channel of information as well as an additional degree of freedom for designing 

novel devices. In this context, and in good approximation, the currents of spin-up and spin-down electrons 

behave independently from each other with separate conduction channels. Spintronic devices display asymmetric 

behaviors due to different carrier densities and / or mobilities [15]. Typical spintronic devices have already made 

the way towards applications, e.g. the giant magnetoresistance read head [16,17], which detects magnetically 

stored data by measuring changes of resistance in the read head. Another important example of successful 

application related to data storage itself can be found in magnetic tunnel junctions (MTJs), which consist of two 

metallic ferromagnetic electrodes separated by a non-magnetic ultrathin insulating layer as we will explain in 

detail later in this section. If the barrier is made of a ferroelectric material, the device is called multiferroic tunnel 

junction. In this case the resistance can be affected and controlled by the application of both magnetic and electric 

fields. MFTJ’s exhibit increased functionalities, simultaneously presenting: (i) tunnel magnetoresistance caused 

by the modulation of the tunnel conductance produced by the relative alignment of magnetizations of the 

ferromagnetic electrodes and (ii) tunnel electroresistance (TER) due to the modulation of the tunnel conductance 

by the ferroelectric polarization reversal [18,19]. The interplay between these two effects can strongly affect the 

interfacial properties of MFTJ’s leading to large magnetoelectric effects, which can lead to the discovery of new 

effects and novel functionalities. 

2.1. Electron tunneling 

When two conductors M1 and M2 are separated by an ultrathin insulating barrier I, an applied voltage 

between them can give rise to a non-finite current across the barrier. The classical particle framework does not 

explain this phenomenon, so the dual wave-particle nature of electrons has to be taken into account. Within a 

quantum framework, the current flow can be explained by a non-zero probability of transmission of electrons 

across the insulating layer if the electronic wave function decay length is larger than the insulating layer 

thickness. Sommerfeld and Bethe in 1930 and Frenkel in 1933 evidenced experimentally the tunneling effect 

also in superconducting tunneling junctions [20,21]. 
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Figure 1. (a) Electron tunneling wave function in a metal-insulator-metal structure. (b) Energy diagram of the structure Potential diagram 

for a M-I-M structure with applied bias eV. Grey areas represent filled states and white correspond to empty states. The hatched area 

represents the forbidden gap in the insulator. Figure adapted from Reference [22].  

In metal-insulator-metal (MIM) heterostructures, the current flow is measured as a function of the applied 

voltage across the junction. Figure 1 summarizes an illustration of the phenomenon. The ideal structure is 

modelled as a step potential as in Figure 1a., where the two metals will equilibrate their Fermi energies in absence 

of a voltage. When a bias V is applied across the MIM junction, there is a shift of a few eV of one Fermi level 

respect to the other, as displayed in Figure 1b. The tunneling current from the left electrode to the right one will 

then be given by: 

𝐼𝑙→𝑟(𝑉) = ∫ 𝜌𝑙(𝐸)𝜌𝑟(𝐸 + 𝑒𝑉)|𝑀|2𝑓(𝐸)[1 − 𝑓(𝐸 + 𝑒𝑉)]𝑑𝐸
∞

−∞

[1] 

Where ρl and ρr are the density of states in the left and right electrodes respectively at a given energy E, and 

|𝑀|2 is the matrix element which represents the probability of transmission through the barrier.  The probability

of having empty states in the left electrode is given by the Fermi-Dirac function f(E) and the probability of empty 

states in the right electrode is 1-f(E-eV). The total tunneling current is given by: 

𝐼 = 𝐼𝑙→𝑟 − 𝐼𝑟→𝑙

[2] 

Where 𝐼𝑙→𝑟is the tunneling current from the left electrode to the right electrode and 𝐼𝑟→𝑙 is the tunneling

current from the right electrode to the left electrode. Simmons calculated the tunnel current density, J [23]. He 

used the Wentzel–Kramers–Brillouin (WKB) approximation and calculated the matrix elements M2 for an 

arbitrary barrier of average height �̅� above the Fermi level EF. For T=0 (Fermi-Dirac functions are step functions) 

and using a free electron relation for l(E), the result was:   

𝐽(𝑉) =
𝐽0

𝑑2
(�̅� −

𝑒𝑉

2
) 𝑒

[−𝐴𝑑√�̅�−
𝑒𝑉
2 ]

−
𝐽0

𝑑2
(�̅� +

𝑒𝑉

2
) 𝑒

[−𝐴𝑑√�̅�+
𝑒𝑉
2 ]

[3] 

Where 𝐴 = 4𝜋√2𝑚𝑒
∗/ℎ and 𝐽0 = 𝑒/2𝜋ℎ, are constants, 𝑚𝑒

∗  is the electron effective mass, d is the barrier

thickness, �̅� is the average barrier height above the Fermi level, and V is the applied voltage. At moderate 

voltages, Simmons showed that 𝐽~𝛼𝑉 + 𝛽𝑉3. This result give rise to a parabolic dependence of the conductance

G on voltage (𝐺 ≡ 𝑑𝐼/𝑑𝑉) which is seen experimentally in tunnel junctions. However, this model does not take 
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into account the dependence of the current density on the electronic density of states (DOS). Thus, this 

simplification gives rise to an over-simplified result that does not often fit very well the behavior of real junctions 

[24,26]. 

 

Figure 2. Schematic potential barrier for (a) Simmons model and (b) Brinkman model. 

 

In practice, junctions with equal electrodes can present different interfaces properties leading to unequal 

energy profiles. To address this issue, Brinkman proposed a model with a trapezoidal potential barrier as shown 

in Figure 2b [27]. In this model the barrier is described by the width d and the potentials 1, 2 at the metal-

insulator interfaces, where the potential spatial function is: 

𝜑(𝑥) = 𝜑1 +
𝑥

𝑡
(𝜑2 − 𝑒𝑉 − 𝜑1) 

[4] 

If the applied voltage is 𝑉 ≪ 𝜑, the tunnel conductance can be written as: 

 

𝐺(𝑉)

𝐺 (0)
= 1 −

𝐴0Δ𝜑

16�̅�
3

2⁄
𝑒𝑉 +

9𝐴0
2

128�̅�
(𝑒𝑉)2 

[5] 

where 𝐴0 = 4𝜋𝑑√2𝑚𝑒
∗/3ℏ , 𝐺(0) =

𝑒2

𝑑ℎ2 √2𝑚𝑒
∗  φ̅𝑒

(
−4𝜋

ℏ
√2𝑚𝑒

∗  φ̅)
, Δ𝜑 = 𝜑2 − 𝜑1 is the barrier asymmetry, �̅� =

𝜑1+𝜑2

2
 is the effective barrier height in eV. This equation is often used to fit experimental J(V) characteristics to 

obtain effective barrier heights and thicknesses. 

 

2.2. Magnetic tunnel junctions 

 

Magnetic tunnel junctions (MTJs) typically consist of a heterostructure where an ultrathin insulating barrier 

(a few nanometers thick) is sandwiched between two ferromagnetic metal layers. If a voltage is applied between 

the two metal electrodes across the insulator, electrons can tunnel through the barrier.  

 

Figure 3. Schematic of the spin-dependent tunnelling process when the relative magnetization is (a) parallel and (b) antiparallel.  
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In a MTJ the tunneling current depends on several parameters. One of the most important ones is the relative 

orientation of the magnetizations of the two ferromagnetic electrodes, which can be controlled by an applied 

magnetic field (Figure 3). The resulting conduction phenomenon is called tunnelling magnetoresistance (TMR). 

The first TMR experiment was carried out by Jullière in 1975 using Co and Fe ferromagnetic films and a Ge 

barrier layer, reporting a sizable magnetoresistance at 4.2 K [28]. Considering that the spin of electrons is 

conserved in the tunneling process and tunneling of up- and down-spin electrons are two independent processes, 

Jullière assumed the conductance to occur via two independent spin channels. Thus, electrons with one spin state 

of the first ferromagnetic electrode would only be accepted by empty states with the same spin polarization in 

the second ferromagnetic electrode. If both electrodes are magnetized parallel (P), majority (minority) spins 

tunnel into majority (minority) states. But, if the two films are magnetized antiparallel (AP) the identity of the 

majority- and minority-spin electrons is reversed, so the majority spins of the first electrode tunnel to the minority 

states in the second layer and vice versa. The second assumption of Jullière was that the conductance for a 

particular spin orientation is proportional to the product of the effective (tunneling) density of states (DOS) of 

the two ferromagnetic electrodes, so, the conductance for both parallel and antiparallel relative alignments, GP 

and GAP, can be written as follows: 

 

𝐺𝑃 ∝ 𝜌1
↑𝜌2

↑ + 𝜌1
↓𝜌2

↓ 

[6] 

𝐺𝐴𝑃 ∝ 𝜌1
↑𝜌2

↓ + 𝜌1
↓𝜌2

↑ 

[7] 

Where 𝜌𝑖
↑ and 𝜌𝑖

↓ are the tunneling DOS of the ferromagnetic electrodes (designated by index i = 1, 2) for 

the majority- and minority-spin electrons. It follows from equations [6] and [7] that parallel- and antiparallel-

magnetized MTJs have different tunnel conductances. TMR is then defined as the difference of conductances 

for parallel and antiparallel magnetization states, normalized by the antiparallel conductance. Using equations 

[6] and [7], the Jullière’s formula results: 

 

𝑇𝑀𝑅 =
(𝐺𝑃 − 𝐺𝐴𝑃)

𝐺𝐴𝑃
=

(𝑅𝐴𝑃 − 𝑅𝑃)

𝑅𝑃
=

2𝑃1𝑃2

(1 − 𝑃1𝑃2)
 

[8] 

which expresses the TMR in terms of the effective spin polarization of the two ferromagnetic electrodes: 

 

𝑃𝑖 =
𝜌𝑖

↑ − 𝜌𝑖
↓ 

𝜌𝑖
↑ + 𝜌𝑖

↓ 
 

[9] 

Besides the conventional spin polarized tunneling devices, the recent discovery of ferroelectricity at the 

nanoscale opened up the implementation of ferroelectric material as a barrier in tunnel junction devices, the so-

called ferroelectric tunnel junctions. Ultrathin films of different compounds as Pb(Zr0.2Ti0.8)O3 (PZT), BiFeO3, 

(Li,Bi)MnO3, PbTiO3 and BaTiO3 have been reported to be ferroelectric [29-35]. The functionalities of MTJ’s 

can therefore be extended by replacing the usual insulating barriers by a ferroelectric material. 
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2.3. Ferroelectric and multiferroic tunnel junctions. 

Ferroelectric tunnel junctions are composed by two metal electrodes and an intermediate ultrathin layer (a 

few nanometers thick) of a ferroelectric (FE) material, which acts as the insulating barrier in the electron 

tunneling conduction process. The idea was formulated for the first time in 1971 by Esaki et al. [36]. However, 

the extended belief back then was that the critical thickness for ferroelectricity to be stable in a material was 

larger than the values necessary for tunneling to take place. Recent theoretical and experimental advances on 

perovskite ferroelectric oxide thin-films have demonstrated that in some cases ferroelectricity may persist in 

thickness ranges down to the 1 nm scale [37,35]. Therefore, ferroelectric tunneling mechanisms become 

available and result interesting both from the fundamental point of view and also for applications in the field of 

data storage. The application of an electric field across a ferroelectric film enables a polarization state that can 

be reversed applying the electric field in the opposite direction, giving rise to two logic states. Such switch of 

the ferroelectric polarization results in large changes in the tunnel resistance, property known as tunnel 

electroresistance (TER) [38]. 

Figure 4. Schematic of a ferroelectric tunnel junction, adapted from reference [39]. 

The modulation of the tunnel conductance in MFTJ’s can thus be controlled by three different factors, 

illustrated in Figure 4. The effects of the ferroelectric polarization are: 

- A change in the electrostatic potential across the junction: The ferroelectric polarization surface charges 

cannot be completely screened by the adjacent metals and thus, the depolarization electric field is not 

zero [40]. In addition, if the metallic electrodes have different screening lengths, the potential profile 

will be asymmetric and thus the average height of the tunnel barrier will be not constant. This effect 

results in the modulation of the tunnel conductance a few orders of magnitude [35]. Also, recent 

experiments based on tunnel barriers combining a dielectric and a ferroelectric thin film have been 

proposed, where the dielectric layer acts as a switch depending on the direction of the ferroelectric 

polarization [41]. 

- The interfacial bonding strength: the ferroelectric polarization can reverse ionic displacements in the 

barrier. This effect modifies the interfacial bonding and thus, the density of states of the electrodes [42]. 

- The strain associated with the piezoelectric response: the effective barrier thickness may change due to 

structural distortions along the axis of the junctions caused by the applied bias. The ensuing tunnel 

current will be modulated since it depends on the barrier thickness. 
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In order to enhance the TER effect, several experiments have been performed. Zhwang et al. replaced one 

of the metal electrodes with a highly doped semiconductor in a FTJ, achieving values of electroresistance upon 

104 [43]. Other improvements are the control of the domain dynamics demonstrated by Chanthbouala and co-

workers, which allows the use of FTJ as memristive devices since the resistance can be continuously and 

reversibly modified. All these results can result in multilevel nonvolatile memories and adaptative networks that 

require synapse-like functions [44].  

 

The natural forward step is the design of multiferroic tunnel junctions (MFTJ’s) capable of exploiting 

simultaneously TER and TMR effects. Such devices would ideally give rise to a 4-resistance-state device, as 

shown in Figure 5. The resistance states can be switched with electric and magnetic fields. In MFTJ’s, the spin-

dependent and ferroelectric contributions to the transport properties is, in principle, independent. However, 

magneto-electrically driven effects at the interfaces would be very relevant relevant since magnetic 

reconstructions can take place and affect coupling and tunneling conductances.  

 

 

Figure 5. Schematic of a MFTJ adapted from reference [45]. 

The first demonstration of ferroelectric control of the interfacial spin polarization was observed by V. Garcia 

and co-workers [46]. They fabricated La0.7Sr0.3MnO3 (LSMO) /BaTiO3 (BTO)/Fe MTJ’s and obtained a 

significant change in TMR with the ferroelectric polarization reversal. The change in the TMR amplitude was 

given by the change of the spin polarization at the Fe/BaTiO3 interface and the induced magnetic moment on the 

interfacial Ti atoms [42][47]. The direction of the ferroelectric polarization can also reverse the signal of the 

TMR amplitude, as in LSMO/PZT/Co junctions due the modification of the spin density of states at the PZT/Co 

interface [48]. However, new trends rely on the modification of the barrier elements or on the introduction of 

ultrathin films of semiconductors between the barriers and the electrodes to produce magnetic phase transitions. 

For example, Yin et al. fabricated La0.7Sr0.3MnO3/BaTiO3/La0.7Sr0.3MnO3 MFTJ’s with an ultrathin film of 

La0.5Ca0.5MnO3 (LCMO) between the barrier and the top electrode [49]. They tuned the ferromagnetic metallic 

phase to the antiferromagnetic anisotropic insulating phase of the LCMO by changing the direction of the 

ferroelectric polarization, which produced an enhancement of the TER driven by the modulation of the effective 

barrier thickness accompanied by a large change in the TMR. These results remark the importance and the wide 

possibilities emerging from barrier engineering in MFTJ’s. Unfortunately, the possibility of controlling the 

polarization still has to overcome issues related to the presence of defects such as oxygen vacancies or, instead, 

take advantage of such factors for the design of new devices. In this framework, two different experiments will 

be proposed in this work aimed at exploring novel functionalities related to O point defects: the first one is the 

introduction of an oxygen deficient ferromagnetic barrier in MTJ’s (Chapter 3). The second consists in the 

introduction of an ultrathin film of a deoxygenated cuprate between a ferroelectric barrier of BaTiO3 and the 

ferromagnetic electrodes of La0.7Sr0.3MnO3 (Chapter 4). 
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3. Ionic conductors for SOFC’s

We will also devote some attention to devices related to the field of energy materials. During the last years, 

a vast amount of work has been dedicated to the family of materials known as ionic conductors. This attention 

has been motivated by the idea of promising applications in different solid state devices, such as gas sensors or 

supercondensers, among others [50][51]. However, the most relevant application currently can be found in the 

use of ionic conductors as electrolytes or electrodes in solid fuel cells. Currently, > 90% of telephone devices, 

tablets and computers incorporate lithium batteries as energy storage devices. Additionally, fuel cells constitute 

one of the main approaches to “clean energy” alternatives to fossil fuels [52][53][54].  

Fuel cells are devices capable of turning chemical energy into electric energy without producing major 

contaminating emissions to the atmosphere. Technologic applications of solid oxide fuel ells (SOFC) combine 

such non-contaminant energy production with flexibility in the election of fuel (hydrogen, carbon monoxide, 

etc.). However, the most important limitation for a definitive implementation of these devices is the poor ionic 

conductivity at room temperature of solid state electrolites, such as yttria-stabilized zirconia ZrO2/Y2O3 (YSZ). 

The operation temperature of YSZ is nowadays of 800°C, which has been in part overcome reaching values of 

500-700°C [53][55][56][54][57]. Such high operation temperatures preclude a wide spread of applications. The 

best alternatives proposed so far include other oxide compounds such as Gd-doped ceria. The practical interest 

is fueled as well from the standpoint of basic research. The complex many-body interactions taking place in 

ionic conductors pose a challenge when trying to understand the dynamics of mobile ions in solid electrolites. 

One of the most accepted tendencies so far assumes that the dynamics of the mobile ions are driven by 

correlations established during their diffusive long range movement. In this context, it has been found that 

positional disorder is related to enhancements of the ionic conductivity of these materials, since there is an 

increasing number of available locations for mobile ions in the structure. 

3.1. Ionic conductivity

Ionic conductors are a singular kind of materials where conduction process mechanisms are due to the jump 

of ions in a diffusion process from an occupied position into a vacant one. The conduction process is thermally 

activated, which implies that it exhibits a dependence with temperature of the kind: 

𝜎~exp (−
𝐸𝑎

𝑘𝐵𝑇
) 

[10] 

Where Ea is the activation energy, kB is the Boltzmann constant and T the temperature. This simple 

description has important implications. The first one is that the charge carriers are heavier and bigger than 

electrons, and thus, conduction will take place at lower speeds. Hence, conductivity values will be lower than 

those characteristic of metals. The second implication is that the atoms are constitutive elements of the material 

structure, so there must be vacancy and accessible positions within the fixed matrix that is the crystal lattice. 

Charge carriers have to move from their sites into vacancies in order to be able to move through the material. 

There must be always a minimum number or accessible positions for the movement of atoms under applied 
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fields. Moreover, in ionic conductors with high values of conductivity, there is a characteristic quantity known 

as positional disorder: in these materials, the number of positions in which the ion can be placed is bigger than 

the mobile ions, so there is not optimal configuration to distribute the ions amongst those positions.  

 

In order to understand to the ionic dynamics inside a solid, the response to applied electric fields is the most 

commonly used probe. In particular, measurements of electric conductivity, σ*(ω), allow the extraction of the 

relaxation function of the electric field in the frequency range. The frequency dependence of the electric 

conductivity in ionic conductors is given by the following expression [58]: 

 

𝜎∗(𝜔) = 𝜎𝑑𝑐 [1 + (
𝑗𝜔

𝜔𝑝
)

𝑛

] + 𝑗𝜔𝜀0𝜀∞, 0 ≤ 𝑛 ≤ 1 

[11] 

 

Where 𝜀0 is the dielectric permittivity in vacuum and 𝜀∞ is the dielectric permittivity at high frequencies. At low 

frequencies, the real part is independent of the frequency itself and its value, 𝜎𝑑𝑐, is known as dc conductivity. 

The n exponent is characteristic of the potential dependence observed at high frequencies and it is a measurement 

of the interaction or correlation between the ions during the diffusion process. The frequency 𝜔𝑝 is a 

characteristic frequency observed for the regime change from dc to the potential dependence with frequency. 

The dc conductivity and the characteristic frequency are activated thermally with an activation energy Ea: 

 

𝜎𝑑𝑐 ∝ 𝜎∞exp (− 𝐸𝑎 𝑘𝐵𝑇⁄ ) 

[12] 

 

The inverse of 𝜔𝑝 is the relaxation constant of the electric field inside the material and it is activated thermally 

with the same activation energy than 𝜎𝑑𝑐.   

 

3.2. Strained and/or disordered heterostructures structures based 

on ZrO2/Y2O3 (YSZ): state of the art. 

 

Alternatives to improve the capabilities of ionic conducting systems can be found in the fabrication of thin 

films, where one of the dimensions of the material is reduced down to the nanometer scale [59]. It has been 

reported that nanostructured zircona presents an electric conductivity enhanced more than two orders of 

magnitude when compared to monocrystalline samples [60]. The fabrication of heterostructures combining YSZ 

with different materials allow exploring the determining effects of interfaces. Maier and co-workers have 

reported an increase of more than three orders or magnitude in the ionic conductivity of CaF2 / BaF2 superlattices 

when the thickness of the layers is reduced to 50 nm [61][62]. Kosacki and co-workers have been able to grow 

ultrathin films of textured YSZ with thicknesses below 15 nm. Within these thickness ranges, an interfacially 

enhanced diffusion process has been proposed, which could induce values of 3 mS cm-1 at room temperature, 

with activation energies would near 0.5 eV [63].  
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Epitaxial strain has also been shown to constitute a key parameter to tune the enhancement of the ion 

mobility at interfaces. Several experimental and theoretical investigations have focused on the increase of the 

ionic conductivity generated by epitaxial strain [64]. However, models find that strain by itself cannot account 

for the large increase of the conductivity observed experimentally. Korte and co-workers have made use of static 

models to evaluate changes in the migration volume associated to the density of misfit dislocations caused by 

strain relaxation. They have pointed out that strain by itself can only account for two or three orders of magnitude 

conductivity increase in YSZ/STO heterostructures [65]. On the other hand, de Souza and colleagues, have 

shown that strain effects on the free energy for migration are able to account for a conductivity increase up to 

five orders of magnitude (of the eight reported experimentally by Garcia-Barriocanal et al. in YSZ/STO 

heterostructures).  Furthermore, from a study of the effects of biaxial strain on the oxygen diffusivity using 

combined density-functional theory (DFT) calculations and kinetic Montecarlo (KMC), Yildiz and collaborators 

conclude that bonding reconfiguration poses an upper limit to the effects of epitaxial strain in explaining 

conductivity enhancements [68]. 

However, these models are based on stressing bulk structure, i.e., they do not explicitly include the presence 

of interfaces which incorporate important additional ingredients related to the chemical and structural 

compatibility of the merging lattices. Density-functional theory simulations explicitly considering the presence 

of the interface by introducing heterogeneous YSZ/STO super cells have shown that the combination of epitaxial 

strain and the merging of dissimilar structures can be key in generating extreme degrees of disorder in the oxygen 

sub-lattice within the region close to the interface, which would explain the highly conducting interface [69] 

[64][70]. In this thesis, we will address the study of lattice discontinuity itself via the growth of unstrained YSZ 

thin films on a lattice parameter matched substrate (YAlO3) in order to study the conduction mechanisms related 

to disorder resulting from assymetric interfaces.  
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4. Outline of this thesis 

 

Within the framework presented above, the work carried out in this thesis is organized in the following chapters: 

 

 Chapter 2: this chapter is dedicated to the description of the experimental techniques used for this work. 

There is an extensive introduction to the components and mechanics of the sputtering growth system 

and characterization techniques such as aberration corrected electron microscopy, along with a 

description of other experimental techniques used to a lesser extent to fabricate the devices or make 

specific measurements. 

 

 Chapter 3: This chapter is dedicated to a study of the magnetic properties of manganite/cobaltite 

hetrostructures. Important changes in the magnetic anisotropy of LSMO thin films are triggered by the 

presence of oxygen vacancies of LaCoO3 (LCO) buffer layers. An in-depth study of the structural and 

electronic properties will be presented. For this aim, in the first place, a study of La1-xSrxCoO3 thin films 

on different substrates is carried out using advanced electron microscopy and spectroscopy techniques. 

Next, we will fabricate devices consisting on MTJ’s combining La0.7Sr0.3MnO3 electrodes with an 

insulating LCO barrier. As we will show, the strain induced in the barrier and the presence of oxygen 

vacancies has important implications in the magnetic anisotropy of the La0.7Sr0.3MnO3 upper electrode 

which will, in turn, help us explain the low TMR values measured in these devices. 

 

 Chapter 4: To improve the capabilities of multiferroic tunnel junctions, we have fabricated asymmetric 

MFTJ’s by further engineering of the ferroelectric barrier. We will introduce an ultrathin film of a 

deficient oxygen cuprate adjacent to the insulating ferroelectric BaTiO3 barrier. The high density of 

oxygen vacancies in the cuprate will provide a new degree of freedom resulting in additional resistance 

states in the system, improving both the TMR and TER properties.   

 

 Chapter 5: Last, we will turn to applications in the field of energy related materials. This chapter will 

focus on the study of the properties of epitaxial Y2O3:ZrO2 (YSZ) films grown on virtually mismatch 

free substrates. We will force the matching of dissimilar fluorite/perovskite structures at an interface 

free of major strain fields in order to study the interfacial contribution to the conductivity. Our YSZ 

films will be deposited on highly insulating YaAlO3 substrates. A study of the interfacial effects will be 

presented based on experimental measurements combining dielectric spectroscopy techniques and 

atomic resolution electron microscopy. 

 

Finally, the last chapter summarizes the major conclusions of this work. There is also an attached annex including 

the list of publications resulting from this thesis (including those currently submitted and under preparation) 

including conference contributions. Also, we will include a description of short stays that have taken place within 

the frame of collaborations with international groups at major research institutions abroad. 
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[62]A. Rivera, J. Santamarıá, and C. León, “Electrical conductivity relaxation in thin-film yttria-stabilized 

zirconia,” Appl. Phys. Lett. 78, 610 (2001). 

[63]I. Kosacki, B. Gorman, and H. U. Anderson, “No Title,” Electrochem. Soc. Proc., vol. 97, p. 631, 1998. 

[64]J. Maier, “Point-defect thermodynamics and size effects”, Solid State Ionics 131, 13–22 (2000). 

[65]N. Sata, K. Eberman, K. Eberl, and J. Maier, “Mesoscopic fast ion conduction in nanometre-scale planar 

heterostructures”, Nature 408, 946–9 (2000). 

[66]I. Kosacki, C. M. Rouleau, P. F. Becher, J. Bentley, and D. H. Lowndes, “Nanoscale effects on the ionic 

conductivity in highly textured YSZ thin films”, Solid State Ionics 176, 1319–1326 (2005). 

[67]A. Kushima and B. Yildiz, “Oxygen ion diffusivity in strained yttria stabilized zirconia: where is the 

fastest strain?,” J. Mater. Chem. 20, 4809 (2010). 



19 
 

[68]T. J. Pennycook, M. J. Beck, K. Varga, M. Varela, S. J. Pennycook, and S. T. Pantelides, “Origin of 

colossal ionic conductivity in oxide multilayers: Interface induced sublattice disorder”, Phys. Rev. Lett. 104, 

1–4 (2010). 

[69]T. J. Pennycook, M. P. Oxley, J. Garcia-Barriocanal, F. Y. Bruno, C. Leon, J. Santamaria, S. T. 

Pantelides, M. Varela, and S. J. Pennycook, “Seeing oxygen disorder in YSZ/SrTiO3 colossal ionic 

conductor heterostructures using EELS,” Eur. Phys. J. Appl. Phys. 54, 33507 (2011). 

[70]F. Li, R. Lu, H. Wu, E. Kan, C. Xiao, K. Deng, and D. E. Ellis, “The strain effect on colossal oxygen 

ionic conductivity in nanoscale zirconia electrolytes: a first-principles-based study”, Phys. Chem. Chem. 

Phys., 15, 2692–7 (2013). 

 



20 



21 

Chapter 2: Experimental techniques 

This chapter includes a summary of all the experimental techniques used including growth, structural 

characterization and measurement of physical properties (electronic and ionic transport, magnetic 

measurements, etc).  

1. RF Sputtering System

All the samples measured along this thesis have been grown with a high pressure pure oxygen sputtering 

system. This is a most appropriate technique for the growth of epitaxial films of complex oxides [1]. Growth 

takes place in a vacuum chamber in which a high purity oxygen gas is introduced at a pressure between 2.9-3.2 

mbar, after a preliminary evacuation cleaning process reaching pressures of 10-6 mbar. During the growth 

process a constant flow of pure oxygen gas is maintained. Materials to be sputtered come from pellets known 

as targets. They are switched on by the application of a RF (for insulators) or a DC (conducting materials) 

power supply to ionize the oxygen gas flowing through the chamber. The RF power supply is used to avoid 

charge accumulation at the surface of the insulating targets. An oxygen plasma is formed under the target, as 

shown in Figure 1. Oxygen ions will be sent by the electric field towards the target surface, sputtering atoms 

away from it. The extracted atoms will be carried by the gaseous phase and deposited on the substrate. The 

high oxygen pressure prevents possible re-sputtering and substrate milling, and favors a complete 

thermalization, reaching very low growth rates (0.5-1nm/min). On the other hand, the substrate high 

temperature assures high diffusivities for the ions on the surface, yielding an ordered growth process of the 

films with good structural quality. The heating device is an Inconel furnace refrigerated and screened which 

reaches temperatures of 1000 C in an oxygen pure atmosphere. The furnace controller allows programming the 

thermal history of the sample before, during and after the growth process.  

Figure 1. High O2 pressure sputtering system. 1. Chamber, 2. Oxygen plasma of a LSMO target placed on the furnace with two STO 

substrates (marked with a red arrow) during regular operation, 3. Arm, loaded with different targets. 
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2. X-ray diffraction.

X- ray diffraction (XRD) is a non-destructive technique for the structural analysis of a wide range of 

materials. It allows the determination of the precise lattice parameters, thickness of individual and multiple 

layers, sometimes defects, etc. XRD is based on the optical interferences produced when a monochromatic 

radiation goes through a slit of finite thickness similar to the wavelength of the incident radiation. X-rays have 

wavelengths of Ångströms, same as interatomic distances in crystal lattices. All of our XRD patterns have 

been obtained at the CAI C.C. Químicas (UCM) using a Cu tube (λx=0.15418 nm) operating at 45kV and 40 

mA. 

2.1. X-Ray diffraction 

A crystal lattice is formed by families of atomic planes (hkl), which are separated a distance dhkl. In some 

circumstances, when an incident beam reaches the crystal each family of planes may reflect the incident 

radiation, provided the reflected radiation interferes constructively as shown in the scheme of Figure 2.  

Figure 2. Bragg reflection picture for a monocrystalline crystal where d is the interatomic distance. The reflected beams in two adjacent 

planes go over an optical path difference of 2dhklsenλ. 

This constructive interference condition is met when the difference in the optical path of x-rays reflected 

in two adjacent planes, which is given by 2dsenθ (where θ is the angle between the incident beam and the 

family planes considered) is an integer number of wavelengths, λ. Therefore, the condition for a constructive 

interference of the incident radiation, summarized by Bragg's law [2, 3] is: 

2𝑑ℎ𝑘𝑙 sin𝜃 = 𝑛𝜆𝑥

[1] 

Where dhkl is the interplanar distance corresponding to the family planes with a {hkl} index, θ is the 

radiation incident angle, λ is the x-rays wavelength and n is an integer number which accounts for the 
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reflection order. For epitaxial, monocrystalline films (textured samples), the only family planes in Bragg 

position will be the parallel to the surface of the substrate. This way, we obtain peaks corresponding to the 

(001) direction, and hence, the family planes {hkl} perpendicular to the c axis. 

XRD allows obtaining information of the structure of materials at the atomic scale with a great degree of 

accuracy. This information is averaged on large lateral extensions, given by a parameter known as structural 

length coherence, ξ. This length can be evaluated from the peaks full width at half-maximum (FWHM) with 

the Scherrer formula [3]: 

𝜉 =
0.9𝜆

𝑏𝑐𝑜𝑠𝜃

[2] 

Where b is the FWHM of the corresponding peak and θ is the reflection angle. The incident angle of the 

X-rays is swept between θ-2θ using the Bragg geometry. At the same time, the sample rotates with a constant 

angular speed synchronized with the angular speed of the detector, which is 2θ, so the radiation detected 

corresponds to the direction of reflection. 

2.1.1. X-Ray diffraction in superlattices 

A high quality heterostructure made by a periodic repetition of two (or more) materials stacked coherently 

is known as a superlattice. For such samples, additional intensity peaks will appear in the diffraction pattern 

around each Bragg reflection. They are known a satellite peaks. The satellite positions are related with the 

artificial periodicity of the superlattice, which is called modulation. When the superlattice is comprised of 

bilayers of two materials, A and B, it is defined by [4]: 

Λ = 𝑁𝐴𝑐𝐴 + 𝑁𝐵𝑐𝐵

[3] 

Where cA and cB are the lattice parameters in the growth direction and NA and NB are the number of unit 

cells, for materials A and B, respectively. The diffraction maxima associated to the superstructure only appear 

when the structural coherence in the perpendicular direction of the layers is larger than the modulation length 

(ξ>Λ). The superlattice satellite peaks are indexed, for convenience, around the average lattice constant of the 

bilayer:  

2
𝑠𝑖𝑛𝜃

𝜆𝑥
=
1

𝑑
±
𝑛

Λ
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[4] 

Where n is the integer number which indexes the satellite peak around the Bragg peak and the averaged lattice 

parameter is provided by: 

�̅� =
Λ

(NA + NB)
 

[5] 

Some values can be directly determined by means of the position of the peaks, such as �̅�, Λ and ξ.  

2.2. SAXRD: Small angle X-ray diffraction 

When a grazing incidence geometry is used, small angle X-ray diffractograms are obtained (with angles 

2q ≤ 10º). Under a Bragg geometry, the dispersion vector length corresponds to distances which are larger than 

the spacing between the crystallographic family planes of the material under study: 

1

𝑑
=
2𝑠𝑖𝑛𝜃

𝜆
 

[6] 

Where λ=1.54 Å. Therefore, the distances d that give rise to diffraction phenomena will typically satisfy 

the condition d≤10 Å, so the contrast is independent of the crystalline structure. In these conditions, X-rays are 

mostly sensitive to the chemical composition of the material through the refraction index, which is 

proportional to the averaged electronic density [5]. This refraction index is a complex number which can be 

written as n=1-δ-iβ, being: 

𝛿 =
𝜌𝑁𝑟𝑒𝜆

2

2𝜋
(𝑓0 + Δ𝑓

′) 

[7] 

𝛽 =
𝜌𝑁𝑟𝑒𝜆

2

2𝜋
Δ𝑓′′ 

[8] 
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Where rN is the atomic density, re is the classical radius of the electron (re=2.818·10-5 Å), λ is the wave 

length of the X-rays, f0 is the atomic dispersion factor, and Δf’ and Δf’’ are the corrections that take into 

account the anomalous dispersion. The real part of the refraction index is written as 1-d, and its value in the 

case of complex oxides is 2d=3·10-5. 

When a thin film is irradiated by an X-ray beam, a part of the incident radiation is reflected at the surface, 

while a part of it will penetrate. The penetrating radiation in the material will be reflected at the interface film-

substrate and will head towards the top surface again. When both beams interfere, a diagram comprised of 

maxima and minima (finite size peaks) will emerge. The X-ray beam traverses larger distances in the film than 

in high angle incidence, thus it is sensitive to changes in the refraction index through the material. It results in 

a deviation on the trajectory described by the Snell law: 

n1sen(α1) =  n2sen(α2) 

[9] 

Where n1 and n2 correspond to the different refraction index of the first and the second medium 

respectively while and α1 is the angle between the incident beam in the second medium and the normal vector 

while α2 is the angle between the refracted beam in the second medium and the normal vector. Maxima and 

minima diffraction peaks appear when the difference between the optical path of the reflected beams at the 

interfaces film-air and film-substrate is an integer number of wave length. 

Г=2n1dcos(β) = mλ 

[10] 

Where Г is the difference between optical paths, n1 is the refraction index of the material, d is the 

thickness of the film and λ is the wavelength of the incident beam. The value of m depends on the film 

refraction index and the material of the substrate chosen for deposition. To preserve the tangential component 

of an electromagnetic wave the condition imposed results in a change in the phase of π when the wave is 

reflecting in a medium which refraction index is larger than in the other. On the contrary, if the medium has a 

smaller refraction index, we have: 

n substrate> n film => m=n-1/2 constructive interference (maxima) 

 n film> n substrate => m=n-1/2 destructive interference (minima) 

And we obtain the Bragg law for angular positions of the maxima and minima values in grazing incidence: 
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𝑠𝑖𝑛2𝜃 = [
(𝑛 − 𝑘)𝜆𝑥

2𝑑
]
2

+  2𝛿 

[11] 

Where d is the thickness of the film, 1-d is the real part of the refraction index and k=0 corresponds to the 

minima in intensity, while k=1/2 is a maximum if the substrate has an electronic density smaller than the film.  

2.2.1. SAXRD: Small angle X-ray diffraction in superlattices 

In small angle XRD scans of superlattices two different interference patterns will appear. The first one 

is due to the total thickness of the superlattice, and it is sensitive to the averaged refraction index. The latter is 

due to the artificial modulation of the superlattice, which is responsible for the new maxima appeared in the 

angular positions given by the Bragg's law for grazing incidence in superlattices:   

𝑠𝑖𝑛2𝜃 = [
𝑛𝜆𝑥
2𝑑

]
2

+  2𝛿 

[12] 

This equation is practically the same as in equation 11. The difference arises in the order of diffraction, which 

is always an integer in this case due to the fact that the interference pattern responsible for the superlattice 

maxima emerges from the interference of waves which are reflected at identical interfaces and, hence, the 

wave won't change the net value of the phase. 

Fluctuations of the film or superlattice thicknesses result in a decrease and a broadening in the 

intensity of the peaks. This effect is more pronounced for high order reflections as can be seen in the example 

of Figure 3. 

 

Figure 3. (a) Schematic showing the reflections which give rise to diffraction maxima. (b) Example of a grazing angle diffraction 

pattern from a superlattice.  

a. b.
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3. Atomic Force Microscopy (AFM) 

This technique is based on the interaction between a tip and the surface of a sample when both are 

separated a distance of a few Å. The AFM can control the force applied to the tip due to the small distance 

between the tip and the superficial atoms of the sample. The dependence with the distance is explained by the 

Lennard-Jones potential, which describes the interaction energy of two isolated atoms located a few Å away 

from each other. For very short distances (<10Å), this force experimented is repulsive due to the ionic 

contribution, which does not allow the contact between the particles. For larger distances (10-200 Å), the sign 

of the force changes due to the predominance of the attractive Van der Waals forces, which appear as a 

consequence of the polarization of the electronic clouds surrounding the atomic nucleus. In the regime when 

the repulsive forces are predominating we speak of a contact mode. In this case the vertical resolution will be 

substantially larger than in the attractive forces mode, reaching the atomic resolution in certain systems. 

The interaction between the tip and the sample in an AFM will be given by the detection of a signal at the 

tip at the end of a cantilever. This way, the force which acts on the tip produces a deflection in the cantilever 

that will be quantified by a detector based on a laser diode. The diode will produce an electrical signal which 

will depend on the increase or decrease of the interaction force while maintaining constant the deflection in 

order to register the information of the surface. Besides this mode, the AFM can work in a dynamic mode. This 

mode gives rise to the oscillation of the tip at a frequency near the resonance frequency of the cantilever. The 

amplitude of the vibration will be reduced while the tip approaches the sample until the contact is produced. In 

this mode, the amplitude of the vibration will be used to register the surface. 

AFM techniques have been used to study the surface of different samples in this study. All measurements 

have been performed at Centro de Microscopía Electrónica “Luis Bru” in Universidad Complutense de 

Madrid.  

4. Scanning transmission electron microscopy (STEM) 

A STEM is based on a transmission microscope equipped with a system of deflection coils which allow 

scanning the beam over the surface of the samples. The very first one was constructed by Manfred von 

Ardenne in 1937-1938 [6] and it had a spatial resolution of 40 nm in the scan direction. The focused electron 

beam goes through the sample, generating different signals which can be detected and monitored as a function 

of the position of the beam. Therefore, the STEM is a very versatile equipment, since it combines the high 

resolution of a conventional microscope with the capabilities of a scanning electron microscope regarding 

image formation and analysis (microanalysis, spectroscopy, etc.). Furthermore, thanks to success in the 

spherical aberration correction (Cs) in the past decade, the Ångström barrier in spatial resolution has been 

beaten [6-8]. 
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Figure 4. Left: Picture of the JEOL JEM-ARM200F of the Centro Nacional de Microscopía Electronica. Right: Schematic of the 

column of a scanning transmission electron microscope. 

A STEM is different of a conventional TEM in the fact that most of the optical system acts on the beam 

before it reaches the sample (a schematic is shown in Figure 4). The electron trajectory is inverted and hence 

the position of the lenses. The beam is focused down to diameters in the 1 Å scale. Many STEMs, such as the 

ones used in this work, employ cold field emission guns (cFEG). These cFEGs have an overall better 

performance than thermionic sources, with higher brightness, smaller source size and lower energy spread. 

For the operation of the tip in a field emission process, an ultra-high vacuum environment has to be 

reached in the gun in order to avoid the presence of contaminants. A high voltage (3-4 kV) is applied to the tip 

in order to extract the electrons beam. Afterwards a second voltage is applied (acceleration voltage) that 

accelerates the electrons to the desired energy and controls the effective source size and position producing a 

crossover. After the gun, the condenser lenses form a demagnified image of the source. To scan over the 

sample, a set of coils composed of fast deflectors produce a shift of the beam and then, bring the beam back to 

the parallel with the optic axis. The final step in the formation of the electron probe is done by the objective 

lens that produces the largest demagnification of the probe.  

The spatial resolution in the microscope is determined by several factors. The first one is, in principle, 

determined by the energy of the electrons as determined by de Broglie equation [9]. However, the most 

important limitation in modern microscopes is introduced by the optical aberrations of the magnetic lenses that 

compose the microscope [10].  
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Figure 5. (a) Ray diagram for an ideal lens with no aberrations. (b) Diagram showing the effect of spherical aberration. (c) Diagram 

showing the effect of the chromatic aberration. Adapted from ref. [11]. 

As in any optical lenses system, a perfect lens would converge all the rays coming from the same spot to a 

focused spot in the image plane. However, the presence of aberrations introduces limitations to this process. 

The diagrams in Figure 5 show how rays coming in at different angles, positions or energy will be focused 

with different strengths. Lens aberrations are classified in two categories: geometric aberrations due to errors 

in the optical path lengths and chromatic aberration due to a spread of the beam energy. The chromatic 

aberration (energy dependence) is treated separately because the energy dispersion is really small when using a 

cold FEG [12,13]. Assuming that the geometric aberration function depends only upon the angle of a particular 

ray with the optic axis, aberrations in the electron microscope can be expressed as a mathematical expression 

[12,15]: 

𝜒(𝜃) =
1

2
𝐶1𝜃

2 +
1

4
𝐶3𝜃

4 +
1

6
𝐶5𝜃

6 +
1

8
𝐶7𝜃

8 +⋯ 

[13] 

This expression is a power series in function of the angle from the optic axis (θ), where the subscript N of 

each term indicates the order of the aberration. It reveals how rapidly the aberration increases off-axis. The 

lower order terms will predominate in the aberration function as θ is really small. This first order terms are the 

defocus and astigmatism, which can be corrected easily even in non-corrected electron microscopes. Spherical 

aberration, C3 or CS, expresses the angular dependence in the effect of the lens on the electron beam, rays 

propagating at different angles, are focused in different points. To reduce this aberration, an aperture is 

introduced to reduce the range of angles at which the rays reach the lens. However, the use of a small aperture 

involves the consideration of diffraction effects that could also limit the resolution. The optimum aperture 

allows one wavelength of third-order spherical aberration at its perimeter [15,16], and is given by:  

𝛼𝑜𝑝𝑡 = (
4𝜆

𝐶𝑆
)

1
4⁄

 

[14] 

These aberrations cannot be corrected with conventional magnetic lenses with rotational symmetry, as 

demonstrated Scherzer in 1936 [17] who also  proposed how to overcome this limitation [15]. However, it 

wasn’t until the late nineties, thanks to the advances in technology and computing power, that spherical 

aberration correctors were developed for the electron microscope. There were two different approaches, 

depending on the symmetry of the multipoles used: Haider et al. achieved the correction of aberrations in a 

TEM using a hexapole corrector in 1998 [18] and Krivanek et al. used a cuadropole/octupole geometry to 

correct the aberrations in a STEM in 1999 [12]. In both cases, the multipole magnetic lenses produce a 

magnetic field that changes with the distance to the optic axis, equal as the spherical aberration does, and 

hence, after measuring the aberration coefficients, the corrector produces a field that counteracts the aberration. 
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An example is shown in Figure 6, where the effect of the aberration correctors in the electron beam can be seen 

for the VG Microscopes HB603U dedicated STEM at Oak Ridge National Laboratory (ORNL). The full width 

at half maximum (FWHM) of the uncorrected beam was 0.12 nm, while after correction it decreases to FWHM 

= 0.05 nm, resulting in an improvement in both intensity and size of the electron probe. These improved beams 

allow better spatial resolution and even sensitivity to individual atoms [19], and further developments have 

been achieved in aberration corrector technology ever since. Now aberrations can be corrected up to the 5th 

order [12] with resolutions under 0.5 Å at 300 kV [10,20]. Sub-Å resolution with single atom sensitivity has 

been also achieved at low voltages down to a few tens of kV [21-24].  

 

Figure 6. Schematic showing a few different possible imaging detectors in a scanning transmission electron microscope. Adapted from 

the Nion UltraSTEM User Manual. 

The post-specimen optics consist of an objective lens that collects the electrons scattered at the sample 

and conduce them back parallel to the optic axis and the projector lenses. Together, these lenses make sure that 

the different signals enter the various detectors at the proper angles for any given detection mode as shown in 

Figure 6. 
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4.1. Imaging in STEM 

The principal imaging and most commonly used modes in a STEM are the annular dark field (ADF) and 

bright field (BF) imaging [25]. The annular dark field images are usually referred as Z-contrast images [11, 

12]. Depending on the detector angles, they can be medium angle MAADF (MAADF) or high angle ADF 

(HAADF) with a collection angular range from 100 to 200 mrad [28]. Both of them are used to detect electrons 

which are dispersed by the atomic cores (usually within 0.3 Å) which carry the information directly from the 

atomic number Z [25]. An incoherent image of the atomic distribution will be formed with this signal in a 

STEM, where the heaviest atoms will appear with higher brightness and the lighter ones will be darker [29]. 

The contrast is approximately proportional to Z2, as dictated by Rutherford equation, which allows a very 

straightforward interpretation: it allows the study of the structural and chemical properties of a material with 

atomic resolution [19].  

 

Figure 7. Simultaneously acquired HAADF (a) and annular BF (ABF) (b) images of SrTiO3 down the (110) projection obtained with a 

JEOL JEMARM 200c operated at 200kV. 

The latter most commonly used detector is the bright field (BF), in which the resultant image is formed by 

the direct-beam electrons, i.e. the “bright field disk” or illumination cone incident on the sample. The bright 

field is coherent, so the contrast depends on the relative phase of the scattered and unscattered electron waves. 

Thus, the BF images appear as dark spots sitting on a bright background. The image can change from dark to 

bright if the interference changes from destructive to constructive. Even though, the phase also varies with 

defocus, sample thickness or sample orientation, which make the interpretation of bright field images difficult 

in some cases.  

The annular bright field (ABF) detector is an annular detector with an inner angle of 10 mrad and an outer 

angle of 20 mrad approximately. It has been recently introduced [30] and it is used in STEM mode to produce 

a contrast which, being similar to BF, is less sensitive to thickness or defocus changes [31]. This imaging mode 

is more sensitive to light atoms because atoms with higher Z goes to higher angles and hence the signal is not 

collected in the BF detector [32]. ABF is widely used to image light atoms such as oxygen and even hydrogen, 

as has been recently reported [33]. In Figure 7, an example of simultaneously acquired HAADF and ABF 

images of SrTiO3 in the (100) orientation is shown. To obtain these images, a multiple-shot image sequence 

were taken and aligned by means of a cross-correlation process to remove noise [34]. 

1 nm

a. b.
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4.2. Electron energy-loss spectroscopy  

Besides the powerful technique of imaging in a STEM, other techniques have been used throughout this 

thesis to obtain information. Electron energy-loss spectrometry (EELS) relies on the analysis of the energy 

distribution of electrons that have gone through the specimen. Therefore, EELS gives us chemical and orbital 

information of our samples.  

 

 

Figure 8. Schematic of an EEL spectrometer. Adapted from reference [9] . 

When electrons are transmitted through the specimen, some of them are inelastically scattered, 

transferring part of their energy to the sample [35]. A number of different excitations may occur, including 

those of electrons in core levels that get excited to available higher energy orbitals. In this process the incident 

electron loses a given energy, which will be measured by the spectrometer. The EEL spectrometer consists of a 

magnetic prism that deflects electrons based on their energy. An illustration of this process is shown in Figure 

8. An entrance aperture selects the electrons that will pass through a drift tube. In this tube, electrons are 

deflected by a magnetic field to angles that will depend of the energy loss. A set of magnetic lenses form the 

EEL spectrum in the dispersion plane, where a CCD camera or a photodiode is placed. 
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Figure 9. Schematic of an EEL spectrum. Adapted from reference [36]. 

The EEL spectrum can be classified in three main regions, as illustrated in Figure 9: 

- Zero loss peak: It mostly gathers electrons that have been dispersed elastically. Two kind of 

electrons are collected, those which haven’t lost energy and those which have excited phonons but 

have lost too little energy to be resolved by the spectrometer (typically < 1eV). The energy resolution 

will be indicated by the FWHM of this peak. 

- Low loss region: In this region, we find the events corresponding to the lowest lying electronic 

transitions in the materials. In a semiconductor or an insulating material, the band-gap should be 

visible in this region [37-41]. We observe plasmon excitations produced by interaction between the 

electron beam and the sample. An estimation of the sample thickness can be done from the ratio 

between the zero-loss peak and the plasmon peaks integrated intensities. The interaction of the incident 

electrons with the outer shells of the atoms (e.g. valence band and intraband transitions) are visible in 

this region, as are inelastic scattering events for each element in the range of 5-50 eV. 

- Core loss region: The signal produced is due to the interaction between the incident electrons 

with inner shells, which produces energy losses above 50 eV. In this interaction process, the electrons 

from the inner shells are excited into unoccupied states above the Fermi level. Thus, the edge energy 

onset corresponds to ionization thresholds, which are characteristic of core levels of a particular 

element, allowing the direct determination of the elements which compose the sample under study.  

The EEL spectrum presents a background extended from the zero loss tail towards higher energies, which 

is created by plural scattering. The probability of electrons undergoing more than one scattering event 

increases with sample thickness and hence the intensity of the background signal. Therefore, specimens under 

study must be as thin as possible in order to reduce plural scattering and increase the signal-to-noise ratio 

(SNR).  
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4.2.1. The core-loss region 

Within the core-loss region of the EEL spectrum, electrons from the inner shells are excited into 

unoccupied states above the Fermi level.  Absorption edges which depend on the atomic number of the atom 

involved are observed. The EELS signal close to an edge is proportional to the local density of electronic states 

projected on the atom [35]. Thus, the analysis of this region in itself can give information on the local bonding, 

valence state, charge transfer, crystal field, etc. [26]. 

 

Figure 10. Schematic of the ionization edges fine structure demonstrating how EELS reflects the unoccupied density of states with 

electronic transitions from sharp core loss levels. Occupied states are indicated with gray shading in the density of states plot. Adapted 

from ref. [36]. 

In Figure 10 an example of the characteristic shape of these features is shown. The analysis of the fine 

structure provides information from the electronic structure of the specimen under study. The EEL spectra can 

be divided in two regions as displayed in the right scheme of Figure 10. The energy loss near-edge structure 

(ELNES) and extended energy loss-fine structure (EXELFS). The ELNES comprises the lowest energy 

features from the onset and reflects the unoccupied density of states, providing information about the local 

bonding environment (e.g. coordination and valence). On the other hand, the EXELFS exhibits modulations at 

higher energies which reflect the effects of ejected electrons with higher kinetic energies in the potential of the 

crystal. 

4.2.2 Information of the data cube. 

The EEL spectrometer produces different types of datasets. A single spectrum can be acquired while the 

beam is placed on a given position in the specimen, or on the contrary, it can be acquired while scanning over a 

region of interest (ROI). The set of data obtained is a 3D matrix or data cube, which contains an intensity value 

at each point (x,y,E) where x and y are the spatial coordinates and the E is the energy coordinate.  



 

35 

 

 

Figure 11. Schematic of the data cube. Left: The data cube in STEM SI mode. Right: The data cube in the EFTEM. Adapted from ref. 

[26]. 

Two different modes are used to measure spatially EEL spectra. The first one is displayed in the right 

scheme of Figure 11 and the technique is called Energy-filtered transmission electron microscopy spectrum 

image mode (EFTEM SI). In this technique the data cube is filled one image plane at a time. Other 

measurement method consists on scanning the probe over a region of interest (ROI), filling the data cube one 

spectrum at a time, thus acquiring an EEL spectrum for each pixel. This technique is called STEM spectrum 

image (SI) mode. Thereby a so-called spectrum image (SI) can be acquired [42,43]. This technique allows the 

mapping of the intensity of the spectroscopic features as a function on the position in the image, as well as 

their electronic properties with atomic resolution [44]. 

4.3. Advanced techniques for imaging and EELS in STEM  

Throughout this work, some advanced data analysis techniques have been used for imaging and EEL 

spectra acquired with the STEM. A plug-in for Digital Micrograph (DM) has been used to analyze strain 

effects caused by the mismatch between the substrates and the films involved. This plug-in is called peak pairs 

analysis (PPA) and it is available from HREM Inc (Japan). For EELS data analysis, processing techniques as 

multivariate statistical analysis (MSA) are often used [45]. Through this work and we have employed principal 

component analysis (PCA) routines for Digital Micrograph written by Masashi Watanabe (Lehigh University) 

[46], mostly to remove random noise. For other purposes, as spatially resolved analysis of quantitative 

information, we have used advanced analysis techniques such as the compositional quantification routines 

available in in DM or multiple linear least square fits (MLLS) methods as needed. 

4.3.1. Peak pairs analysis (PPA) 

The PPA plug-in for Digital Micrograph has been used to study short and long range epitaxial strain 

effects, such as the ones produced by the different lattice parameters between two different materials or by 

structural defects [47,48]. This algorithm calculates the displacement field assuming a reference lattice in the 

real space, which is defined by the user. Special care must be taken at this step to select a non-distorted 

reference lattice in the image. The routine consists in, first, the location of the local intensity maxima, 

corresponding to the atomic column positions in the image (a filtered image will be used for this purpose to 

improve the resolution limit of the technique). Then, the user defines two basis vectors as reference for the 

strain calculations. For example, basis vectors can be the (001) and (100) directions, which are typical vectors 
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for strain analysis in the ABO3 basic perovskite structure. After that, the algorithm identifies the pairs of peaks 

as the first neighbors of each peak maximum in the vector base defined previously. At this point, the 

displacements within the material are calculated using a non-distorted region as a reference for strain 

calculations. One of the most typical choices is the unit cell of the substrate for thin film analysis, or instead, a 

region in the thin film far away from the substrate so mismatch strain effects are already relaxed.  

Resolving the following equations and using a 2D interpolation process, the strain tensor components are 

obtained at every point: 

𝑢𝑥 = 𝑎𝑥휀𝑥𝑥 + 𝑎𝑦휀𝑥𝑦
𝑢𝑦 = 𝑎𝑦휀𝑦𝑦 + 𝑎𝑥휀𝑦𝑥
𝑣𝑥 = 𝑏𝑥휀𝑥𝑥 + 𝑏𝑦휀𝑥𝑦
𝑣𝑦 = 𝑎𝑦휀𝑦𝑦 + 𝑏𝑥휀𝑦𝑥}

 

 

𝑎𝑛𝑑휀𝑥𝑥 =
𝜕𝑢

𝜕𝑥
, 휀𝑥𝑦 =

𝜕𝑢

𝜕𝑦
, 휀𝑦𝑦 =

𝜕𝑣

𝜕𝑦
, 휀𝑦𝑥 =

𝜕𝑣

𝜕𝑥
 

[15] 

Where (𝑢𝑥, 𝑢𝑦) and (𝑣𝑥 , 𝑣𝑦) are the coordinates of the displacements with respect to the reference base 

vectors. The advantage of this method is that the strain around defects can be obtained without the user 

intervention and the local character of the analysis prevents the propagation of errors around the studied lattice. 

 

4.3.2. Principal component analysis (PCA) 

EELS can be used to extract information on the compositional and electronic properties of materials with 

atomic resolution, but the analysis of the spectral features is not always straightforward due noise in the signal. 

The principal component analysis (PCA) routines for Digital Micrograph written by Masashi Watanabe [46] 

are a very powerful way of applying MSA to SI datasets in order to remove white noise and also to identify 

spatially localized significant components. PCA reduces the dimensionality of a dataset to the minimum 

number of components that describe the original measurement without losing significant information [49]. The 

algorithm decomposes the EEL spectrum image data cube in a two dimensional matrix, in which the 

combination of the spatial coordinates are the columns of the data matrix and the spectral information is 

displayed in rows [45]. The spectral feature of each row is uncorrelated with the other rows and it is called an 

eigenspectrum. As the columns represent the other dimension, these are the amplitude of the eigenspectra in 

the matrix. Hence, a principal component is the individual product of each row and column. The magnitude of 

each eigenvalue corresponds to the amount of variance with which the corresponding principal component 

contributes to the dataset. 
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Figure 12. Scree plot representing the logarithm of the eigenvalues vs. the index of the principal component. A dotted red line 

highlights the portion of the plot where a flat behavior is observed (characteristic of uncorrelated noise). The red arrow points to the 

component index (n = 7) where the deviation from this flat behavior is observed. Inset: raw EEL spectrum showing an O K edge and a 

Mn L2,3 edge (black dots). The red line is the same spectrum after PCA. Adapted from ref. [50]. 

The logarithms of the eigenvalues are plotted versus the component number in a Scree plot, as displayed 

in Figure 12. The principal components closer to the origin are dominant while those which contain random 

noise lie on a straight line at the end. Therefore, the original dataset can be reconstructed by selecting the 

dominant components and discarding the random noisy ones. The inset of Figure 12 shows a comparison 

between a raw spectrum (black points) and the noise reduced spectrum after applying PCA (red line). The high 

sensitivity of PCA and other multivariate analysis makes of them a very powerful tool, allowing the 

identification of various phases in the specimen displaying the different principal components of a SI [46]. 

However, experimental errors such as shifts in the energy, errors in the gain and dark current correction or 

energy misalignments must be addressed when applying PCA [51]. Special care must be taken also due its 

sensitivity to artifacts, which can be recognized as a component if these have a repetition in several spectra.  

4.3.3. EELS compositional quantification 

One of the most powerful capabilities of EELS can be found in the extraction of quantitative information 

about the chemical composition of a specimen. This way, non-stoichiometric areas in a sample or chemical 

segregation zones can be detected in the specimen under study. In a given spectrum, the area under an 

ionization edge, Ik, is proportional to the number of atoms of the chemical species per unit area [35]. Assuming 

that the electrons contributing to the edge have undergone a single ionization event, the probability, 𝑃𝑘, that a 

given incident electron will suffer a determined ionization event, 𝑘, can be expressed as: 

𝑃𝑘 = 𝑁𝜎𝑘𝑒𝑥𝑝 (
𝑡

𝜆𝑘
) 
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[16] 

Where 𝑁 corresponds to the number of atoms per unit area, 𝜎𝑘 is the scattering cross section, 𝑡 is the 

specimen thickness and 𝜆𝑘 is the mean free path for ionization losses. In this equation it is assumed that the 

spectrometer collects the complete angular range (0 − 4𝜋 𝑠𝑟), which is not true. Therefore, the equation has to 

be modified. If we also assume that the specimen is very thin, the intensity above the background for a 

determined ionization edge(𝐼𝑘) can be expressed as: 

𝐼𝑘(Δ𝛽) = 𝑁𝜎𝑘(Δ𝛽)𝐼𝑇(Δ𝛽) 

[17] 

Where 𝐼𝑇  is the total transmitted intensity, 𝛽  is the collection angle, Δ is the integration window and 

𝜎𝑘(Δ𝛽) is the partial ionization cross-section. If we have information about how large the investigated volume 

is and the cross-section of the element of interest, we can determine the absolute number of atoms of a given 

species. However, in practice, it is difficult to establish the exact thickness of the specimen and, hence, it is 

more convenient to obtain relative concentrations between different species. Thus, for a relative concentration 

ratio of two elements, the total transmitted intensity term drops out and the ratio can be written as: 

𝑁𝐴
𝑁𝐵

=
𝐼𝑘
𝐴(Δ𝛽)𝜎𝑘

𝐵(Δ𝛽)

𝐼𝑘
𝐵(Δ𝛽)𝜎𝑘

𝐴(Δ𝛽)
 

[18] 

4.3.4. Multiple linear least-square fit 

The multiple linear least-square fit (MLLS) is a method based on the spatial-difference technique [52]. 

This analysis method is used to fit an experimental spectrum using two or more reference spectra [53,54]. So, 

the experimental EEL spectrum can be expressed as a linear combination of different components as follows: 

𝐹(𝐸) = 𝐴𝐸−𝑟 + 𝐵𝑎𝑆𝑎(𝐸) + 𝐵𝑏𝑆𝑏(𝐸)+. .. 

[19] 

Where 𝐴𝐸−𝑟 is the power-law background, 𝐵𝑎, 𝐵𝑏 , etc are the scaling coefficients and 𝑆𝑎(𝐸), 𝑆𝑏(𝐸)…are 

the reference spectra. The scaling coefficients obtained with this method give statistical weights associated 

with each reference spectra.  
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Figure 13. Illustration showing how the MLLS fit method can be used to separate overlapping edges. Adapted from the Gatan EELS 

Imaging and Analysis School materials. 

Therefore, these coefficients are used to quantify changes in the fine structure, separate overlapping edges 

as shown in Figure 13, or even to produce better quality elemental maps with reduced noise (as an alternative 

to PCA). This method has been used mostly to obtain better quality elemental maps from SIs [55]. Usually, the 

background removal for core-loss edges is performed using a power law fitting [35], where the intensity of the 

background is given by 𝐼 = 𝑎𝐸−𝑟, where E is the energy loss and a and r are fitting constants. Using a MLLS 

fitting an improvement for mostly low energy edges can be achieved [56,57]. We use the estimated 

background and edge signal after background removal obtained with Digital Micrograph as our reference 

spectra as displayed in Figure 13. By means of this technique, the signal-to-noise ratio for elemental maps is 

improved because the background has to retain a constant shape for the whole spectrum image. However, to 

perform this type of analysis it is important to use data with very high signal-to-noise ratios and usually, 

random noise in the EEL spectrum images has been removed using principal-component analysis first [46]. 

Other uses of this method are, for example, the quantification of the oxidation states of 3d metals as 

titanium. Taking into account a reference Ti L2,3 edge spectra of a well characterized material, we can fit our 

experimental spectrum and obtain the statistical weight for the different valence states. An example is the use 

of reference titanium L2,3 edges spectra for LaTiO3 (Ti+3) and SrTiO3 (Ti+4) from the work of J. Garcia-

Barriocanal et al. [58] for the analysis of the oxidation state in a bombarded thin film of SrTiO3 along the hole 

thickness of the sample [59].  

4.3.5. Electron microscopes 

A number of different aberration corrected microscopes have been used during this thesis: the JEOL JEM 

ARM200CF installed in the “ICTS Centro nacional de microscopía electronica” (CNME) at Universidad 

Complutense de Madrid (Spain), and also the Nion UltraSTEM100 and UltraSTEM200 both installed at the 

Oak Ridge National Laboratory, TN, U.S.A. 
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Figure 14. (a) Photograph of a JEOL JEM ARM200CF. (b) Image of a focused aberration corrected ronchigram over an amourphous 

specimen acquired in a JEOL JEM ARM200CF microscope at CNME. 

The JEOL JEMARM 200CF electron microscope is equipped with a cFEG capable of working at 80, 100 

and 200 KV acceleration voltages and a Gatan Quantum EEL spectrometer. It has a CEOS spherical aberration 

corrector in the condenser lens with a 6-fold symmetry, as shown in Figure 14b. This microscope is capable of 

working in both TEM and STEM modes and has the possibility of acquiring ABF images using a beam stopper 

with an outer radius of 10 mrad on top of the bright field detector.  

An example of STEM imaging and EELS in the JEOL JEM ARM200CF is presented in Figure 15. The 

sample under study is a thermoelectric thin film of Ca3Co4O9 grown on a YSZ buffer layer. The high 

resolution HAADF image given in Figure 15a show a high quality epitaxial growth of the Ca3Co4O9 

film. Some stacking faults are present which can be seen in the atomic resolution EELS chemical 

maps of Figure 15b. The microscope allows observing in detail the stacking faults, which consist of a 

double stacking of CoO2 layers instead of the usual crystallographic sequence of alternating CoO2 

and Ca2CoO3 layers.  

 

Figure 15. (a) High resolution HAADF image of a Ca3Co4O9 thin film. Inset: Low magnification image of the sample. (b) Left: ADF 

image of a ROI where an EEL spectrum image was acquired. Right:  atomic resolution EELS maps corresponding to the O K (red), Co 

L2,3 (blue) and Ca L2,3 (yellow) signals. The red arrow indicates a stacking fault (paper submitted) 
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 These results are part of a study within a collaboration with A. Pérez Rivero and C. Prieto (CSIC). The 

growth of epitaxial thin films of the layered cobaltite Ca3Co4O9 on cubic YSZ single crystals and its 

comparison with similar epitaxial films on hexagonal Al2O3(0001) has been studied. The thermoelectric 

characterization shows an enhanced Seebeck coefficient as well as a worsening of the electrical conductivity 

for YSZ-deposited films (paper submitted). 

 

Figure 16. (a) Photograph of a Nion UltraSTEM 100. (b) Photograph of a Nion UltraSTEM 200. (c) Image of a focused aberration 

corrected ronchigram over an amorphous specimen acquired in a VG Microscopes HB603 STEM at ORNL. 

The Nion UltraSTEM100 [60] uses a cFEG that can operate at 60 and 100 kV acceleration voltages and is 

equipped with a Gatan Enfina spectrometer. On the other hand, the Nion UltraSTEM200 is equipped with a 

cFEG that operates at 60, 100 and 200 kV and a Gatan Enfinium spectrometer. This microscope features also a 

dedicated ABF detector. Both of them are dedicated STEM microscopes equipped with Nion 5th order 

aberration correctors using a cuadrupole/octupole geometry as shown by the 4-fold symmetry of the focused 

ronchigram image in Figure 16c. 

  

a. b. c.
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5. Transport measurements 

5.1. Closed-cycle Cryophysics helium 

For low temperature resistance measurements in sections of multiferroic tunnel junctions of this work we 

used a closed-cycle Cryophysics helium refrigerator, which works with the expansion of highly-pure He-gas 

compressed in a Gifford McMahon cycle. The expansion through the capillaries undergoes two steps at 50 K 

and at 8.5 K. The sample is mounted onto a cooled copper piece in contact with the second cooling step. The 

system is evacuated by a rotary pump capable of a pressure down to 10 mTorr, measured with a Pirani vacuum 

sensor. The lowest temperature reached is 13 K. A silicon diode thermometer is in contact with the sample 

holder calibrated for measuring between 10 and 325 K. The system is also equipped with a heater controlled by 

a Lake Shore 330-11 temperature controller, which permits varying the sample’s temperature between room 

temperature and 14 K with 10 mK accuracy. Micro-coaxial wires are used for low noise measurements. For 

magnetoresistance measurements we used an electromagnet (with a distance between magnetic cores of 10 

cm), which can provide a magnetic field in the range of ± 4200Oe. 

The resistance of thin films has been measured using the Van der Pauw four-point method [61] to 

eliminate any contribution given by the in-series contact resistance. Four electrical contacts were evaporated 

on the surface of the samples using silver and then connected to the low-noise wiring by indium or silver paint. 

In the case of tunnel junctions (current perpendicular to plane) electrical measurements have been done using 

2-points method. The instruments used were a Keithley 2400 source meter, capable of apply voltage between 

5µV and 210V and measure current from 10 pA to 1.055A. 

5.2. Dielectric spectroscopy for ionic conductors 

The classical measurements of resistance using dc current is not possible in ionic conductors for the 

special nature of the charge carriers. When a constant electrical field is applied in ionic conductors, the ions 

move towards the electrodes and accumulate since they cannot cross the electrodes to complete the circuit as 

electrons do. This effect is the so-called blocking effect of carriers and give rise to plateaus in the conductance 

measurements. Therefore, the electrical field inside the ionic conductor drops to zero in the limit of long times 

when a constant voltage is applied. To obtain the response in the frequency domain of ionic conductors an 

alternating current (ac) must be applied. Measuring the electrical response of materials in the frequency 

domain is called dielectric spectroscopy [62]. 

The principle of the measurement at one frequency is simple: a sinusoidal voltage is applied with and 

amplitude V0 and frequency f and while the current intensity I is measured. If the sample is in the linear 

domain of response, the response of the sample can be considered as a sinusoidal current with amplitude I0, the 

same frequency f and a phase difference of θ respect the initial voltage. The impedance of the sample at the 

frequency f is a complex number, whose modulus is the ratio between amplitudes and the angle is the 

difference between the applied voltage and the current measured.  
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To obtain an impedance spectrum the frequency must be changed in the desired range. The ionic 

conductors present negative phase displacements which correspond to a capacitive behavior. Thus the 

admittance Y, which is the inverse of impedance, is one of the most widely measured quantities. This 

magnitude is the conductivity of the sample except for a geometrical factor and it is mostly used for the 

analysis of transport in ionic conductors. The equivalence relation between the capacity and permittivity of the 

capacitor is given by the ratio A/d: 

𝐶 =
𝐴

𝑑
휀휀0, 𝜎 =

𝑑

𝐴
𝑌 

[20] 

Where C is the capacity, ε is the relative permittivity, ε 0 is the vacuum permittivity, σ is the 

conductivity, Y is the admittance, d is the thickness of the sample and A is the contact area [63]. 

The impedance spectroscopy equipment used in all the measurements is an AC Novocontrol BDS80 

which allows to variate between 140 and 600 K using an inert N2 flow.  
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6. Magnetic measurements for multiferroic tunnel junctions and 

bilayers 

6.1. Vibrating sample magnetometer (VSM) 

We performed magnetic measurements using a vibrating sample magnetometer (VSM). The VSM yields a 

direct and absolute measure of magnetization, since it measures the difference in magnetic induction between a 

region of space with and without the specimen. The magnetic moment of the sample is measured according to 

Faraday’s law. The sample oscillates sinusoidally inside a small pick-up coil with a frequency of about 40Hz. 

The induced voltage due to E = - dφ/dt is detected with the lock-in technique and converted to magnetic 

moment with an instrument specific calibration factor. It allows for the rapid measurement of M vs. T and M 

vs. H data with a useful sensitivity of approximately 10-6 emu. The sample is mounted on a diamagnetic stick 

fixed to a carbon rod. All the VSM measurements shown in this thesis were acquired in a Quantum Design 

physical properties measurement system (PPMS). The VSM measurements were carried out at the Mar García 

Hernández group by Roberto F. Luccas and Federico Monpean. 

6.2. Ferromagnetic resonance  

The ferromagnetic resonance (FMR) is a powerful technique to study the magnetic anisotropy of magnetic 

materials. Two main advantages are relevant of this technique. The first one is that this technique allows the 

exact determination of the anisotropy constants of a magnetic system (and the dependence with temperature). 

The second one is that is allows the study of the magnetic interactions between different magnetic materials in 

multilayered systems.  

This technique consists in the absorption of microwaves due to the precessional motion of the 

magnetization M in a ferromagnetic sample around the effective magnetic field Beff due the externally applied 

magnetic field Bappplied. The FMR is measured sweeping the applied magnetic field with a fixed microwave 

(typically on the order of tens of GHz).  
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Chapter 3: Effects of oxygen vacancies on the 

magnetic anisotropy of La0.7Sr0.3MO3/LaCoO3/ 

La0.7Sr0.3MO3 heterostructures. 

 

In the search of novel functionalities driven by oxygen vacancies in ultrathin films and heterostructures, the 

La1-xSrxCoO3 (LSCO) system exhibits a very large potential. LSCO has a very wide spectrum of applications 

ranging from cathode in oxide fuel cells, ferroelectric memories, sensors or catalysis to spintronic devices [1,2]. 

Also, from the point of view of basic science, it constitutes an example of ferromagnetic metallic (FM) oxide 

with an additional degree of freedom: the spin state of Co atoms, which can give rise to unusual magnetic ground 

states even for finite Sr doping levels [3-5]. In fact, this family of materials has attracted much attention since 

the 1950’s due to the spin-state transition phenomena reported in the LaCoO3 (LCO) parent compound. These 

effects are due to the fact that the scales of the crystal-field splitting of the Co d states (ECF) and the Hund’s rule 

exchange energy (EEX) are similar.  

In the last decade, LCO epitaxial films under strain have been considered a model system for understanding 

the stabilization of novel ground states [6-8]. Bulk LCO does not exhibit any long-range magnetic order, 

coherently strained LCO films can be ferromagnetic (FM) at low temperatures [7,8]. This behavior is stabilized 

by the combination of epitaxial strain and the presence of arrays of O vacancies. LSCO thin films have also been 

shown to grow with a high density of oxygen vacancies [6,9-13], and the ordering of these defects can promote 

unexpected spin state superlattices. In general, the ability to control spin states via O vacancy engineering offers 

new avenues towards the tuning of magnetic properties. With this idea in mind, in this chapter, we set off to 

explore the possibilities of intercalating ultrathin cobaltite films in oxide devices and exploring new resulting 

from their magnetic properties. We will study the properties of magnetic tunnel junctions (MTJ’s) where 

La0.7Sr0.3MnO3 (LSMO) ferromagnetic electrodes are combined with O deficient LCO as the insulating barrier. 

To set the basis of our study, we will first present an in-depth STEM-EELS characterization of LSCO thin films 

with increasing amounts of O vacancies induced by low Sr doping levels, paying special attention to the 

development of O vacancy superstructures (it is well known that the introduction of Sr in the LSCO system 

provokes the appearance of such point defects). A section devoted to single, undoped LCO films will follow. 

Then, we will address the properties of cobaltite based MTJ’s to find that the magnetic anisotropy of the system 

is strongly affected by the presence of O vacancies in the barrier. Based on the analysis of manganite/cobaltite 

bilayers, we will show that interfacing LSMO with ultrathin LCO layers drastically modifies the magnetic 

anisotropy of the manganite, making it independent of the substrate and closer to the magnetic isotropy proper 

of its rhombohedral structure.  
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1. LaCoO3  

 

The spin states of perovskite cobaltites are strongly influenced by the competition between the crystal-field 

splitting (ΔCF) of the Co (3d) states into eg and t2g levels, and the Hund exchange. The first favors a low spin (LS) 

configuration while the second favors a high spin (HS) configuration as shown in Figure 1 [14][10]. 

 

Figure 1. (a) Phase diagram of LCO, adapted from reference [14]. (b) Octahedral coordination of LCO along with a schematic of the 3d 

levels showing the possible spin states. The lower energy levels correspond to the eg states while the higher lying levels correspond to 

the t2g states. 

The gradual nonmagnetic to magnetic transition (upon increasing temperature) was first interpreted four 

decades ago as a gradual change in the population of high spin (HS, t4
2g e2

g, S=2) excited states, starting from a 

low-spin (LS, t6
2g, S=0) ground state [15-21]. In 1996, a theoretical work by Korotin et al. proposed, on the basis 

of local density approximation + Hubbard U (LDA+U) band structure calculations, that the excited states exhibit 

an intermediate-spin (IS, t5
2ge1

g, S=1)-like character [22]. They reported three excited stable configurations, two 

of them of IS state with orbital ordering and the last one of HS nature. They explained the first transition from 

LS to IS near 90 K as a consequence of the thermal lattice expansion due an increase of the lattice parameter, 

while from the IS to the HS transition around 500K they proposed a gradual disorder of occupied eg orbitals. 

 The dependence of the orbital overlap and crystal-field splitting on the Co-O distance (rCo-O) and the Co-

O-Co angle (θ) can be approximated by the expressions W ∝ 𝑟𝐶𝑜−𝑂
−3.5 sin(θ /2) and ΔCF ∝ 𝑟𝐶𝑜−𝑂

−5 , where W is the 

overlap between the Co(3d) derived eg and O(2p) orbitals [23,24]. Therefore, if either rCo-O or θ values are 

increased, Δ is reduced. A ferromagnetic order below 85 K can be explained in terms of the tetragonal distortion 

of LCO, which is critical for the appearance of magnetic moments. Extended x-ray absorption fine structure 

studies of LCO thin films on (La,Sr)(Al,Ta)O3 (LSAT) have shown that the ferromagnetic order is due to a 

strain-induced suppression of the Jahn-Teller distortion that has been suggested (and also called into question) 

to occur in bulk LCO [25,27].  

Under this scenario, some authors propose a novel-strain relaxation mechanism for LCO thin films that 

results in an ordered pattern of locally tetragonal and monoclinic distortions. These can promote the coexistence 

of LS-HS Co3+, and introduce the possibility of a ferromagnetic interaction. Nevertheless, the origin of the 

ferromagnetic order in strained LCO is still under debate. Biskup et al. [12], proposed a complex relaxation 

mechanism of the epitaxial strain involving a superstructure including ordered stripe patterns of oxygen 

vacancies on tensile SrTiO3(100) (STO) and compressive LaAlO3(100) (LAO). They presented atomically 

resolved Z-contrast images of LCO thin films grown on a STO (100) substrates, along with simultaneously 

collected, atomically resolved EELS demonstrating unambiguously that there is a significant oxygen deficiency, 

which is responsible for the lattice relaxation and results in charge ordering (CO) within the Co sublattice. In 

a. b.
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summary, epitaxial ultrathin LCO films exhibit unexpected magnetic properties associated with O deficiency, 

and we will use them as building blocks when designing novel oxide based devices. We will explore such 

possibilities and show how it is possible to use barrier properties to engineer the electrode performance via 

electronic or magnetic coupling.  

 

2. STEM-EELS studies of LSCO thin films  
 

 In order to understand the nature and characteristics of O superstructures in the ultrathin colbaltite films 

for our heterostructures, a systematic study of LSCO thin films with low Sr contents has been carried out. Several 

samples have been grown on SrTiO3 (STO) and LaAlO3 (LAO) substrates in order to analyze the effects of both 

expansive and compressive epitaxial strain in the films. All the films were deposited by high pressure reactive 

DC sputtering. The systems under study are La1-xSrxCoO3 (LSCO) on STO(100) and LAO(100) substrates for 

x=0.05, 0.15 and 0.28 Sr-doping concentrations. LSCO grown on STO exhibits a 1.8% lattice mismatch, 

approximately, giving rise to tensile in-plane strain. On the other hand, LSCO on LAO exhibits a compressive 

lattice mismatch of 0.6 %.  

Atomic resolution images for a series of LSCO thin films on LAO(100) are presented in Figure 2. Figures 

2a, 2b and 2c display a set of HAADF images of LSCO with x = 0.05, 0.15 and 0.28 doping levels, respectively. 

Figure 2a indicates the zone axis for the three samples presented. The fast Fourier transform (FFT) of the images 

is shown on the right side. All the samples grow epitaxial and flat over long lateral distances. The interfaces are 

sharp and coherent, and no major defects or secondary phases are observed. For the x=0.05 doping, there is no 

evidence of the presence of Brownmillerite-like ordered arrays of oxygen deficient planes such as those reported 

in literature when other growth methods such as pulsed laser deposition (PLD) are employed. At this doping 

level the FFT indicates the expected cubic periodicity for the LCO bulk system. On occasion, CoO2 planes 

exhibiting a contrast darker than the surroundings are observed, typical of local accumulations of O vacancies. 

However, no long range ordering is observed. Now, the Sr doping is increased (Figures 2b and 2c), a different 

contrast emerges. Dark stripes typical of CoO2-x planes are observed more often (highlighted by red arrows). Red 

arrows also highlight the presence of bright spots which appear on the FFT patterns as a result of a doubling of 

the perovskite block. This modulation results from the extra periodicity introduced by the La-La elongated planes 

in the dark stripes. These stripes, which are well known for being associated with arrays of O vacancies lie within 

the in-plane direction (parallel to the interface). This result is not surprising. The presence of O deficient planes 

results in an enhancement of the average lattice parameter. In particular, in our case the measured dilation 

between adjacent the La-La columns across the dark planes is of ∼4.4 Å, versus the ∼3.6 Å measured between 

near La-La columns separated by a fully oxygenated (bright) CoO2 plane.  Since the LAO substrate induces a 

compressive strain in the film, the enlarged lattice distance (perpendicular to the dark planes) lies in the out-of-

plane direction in order to release the compressive strain effect of the LAO(100) substrate [12]. These 

superstructures exhibit lateral domain sizes in the nanometric range. A high Sr doping level is needed to see 

clearly an ordered pattern of dark CoO2-x planes every other unit cell (Brownmillerite-like, as reported for x=0.5 

doping in literature) free of stacking faults and coherent over long lateral distances.  



52 
 

 

Figure 2. High angle annular dark field images of LSCO thin films grown on LAO(100) substrates with the corresponding FFT of the 

films for (a) x=0.05 (b) x=0.15 and (c) x=0.28 Sr doping levels. 

 

A similar phenomenology occurs in LSCO thin films grown on tensile STO(100) substrates. Figures 3a, 3b 

and 3c show high resolution HAADF images of x = 0.05, 0.15 and 0.28 Sr-doped LSCO on STO(100), 

respectively. Again the red arrows on the FFTs highlight the superstructure spots associated with the doubling 

of the unit cell resulting from the presence of La-La dilated distances around CoO2-x dark stripes in the real space 

images. This effect is again introduced by the ordering of O vacancies, giving rise to the extra periodicity. Since 

the mismatch strain in this case is tensile, the O deficient planes lie in the out-of-plane direction. Thus, the 

enlarged lattice parameter lies parallel to the interface plane, promoting accommodation of the tensile mismatch 

strain.  
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Figure 3. High angle annular dark field images of LSCO thin films grown on STO(100) substrates with the FFT of the films for (a) 

x=0.05 (b) x=0.15 and (c) x=0.28 doping levels. 

 

Now we turn to study the electronic properties of these samples via the analysis of the fine structure of the 

EELS Co and O absorption edges. Transition metal L2,3 edges result from excitations of 2p electrons into empty 

bond states or the continuum. Therefore, these edges exhibit two white lines associated with transitions from the 

spin orbit split 2p3/2 and 2p1/2 levels to the available states in the 3d band. The expected value of the intensity 

ratio L3/L2 (also named L23 intensity ratio or L23 ratio) should be two, but it often differs from this value due to 

interactions between the 3d electrons, the core hole and the excited electron or the Coulomb exchange 

interactions between p and d electrons [28,29]. The L23 ratio increases with the number of electrons in the 3d 

bands across the periodic table when going from the 3d0 to 3d5 configurations, and decreases again when moving 

towards the high end of the 3d row. Also, for elements in the first half of the 3d row the L23 ratio decreases as 

the oxidation number increases (opposite effects are found in the second half of the row) [29-32]. In this section 

we will obtain information about the L23 ratio for our Sr-doped cobaltite films in order to obtain an internal 

calibration for further experiments. We will analyze the fine structure of the O K edge, since it can also provide 

information on the Co oxidation state in our samples. This is because in the dipole approximation, the O K edge 

probes excitations of O 1s electrons into 2p bands, but those exhibit a pronounced 3d-like character due to 

bonding effects. Hence, the O K near-edge fine structure also shows significant changes when the Co oxidation 
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state is modified. In particular, the pre-peak feature is related to the filling of the hybridized O 2p and Co 3d 

states (see peak 1 in Figure 4a). Aside from that, the main peak at 532 eV is attributed to the La 5d band (see 

peak 2 in Figure 4a) and the feature at 548 eV contains information from the Co 4sp bands (see peak 3 in Figure 

4a) [33]. 

The fine structure of these edges has been analyzed before in order to obtain the average oxidation state of 

Mn in manganite oxides [34], providing three different ways to extract oxidation states of Mn.. These quantities 

are the normalized O K pre-peak intensity, the energy separation between the pre-peak and main peak (ΔE), and 

the ratio of the L3 to L2 white lines. They have also been successfully applied to cobaltites [35,36]. Here, the 

oxidation states of Co as function of the L23 ratio and ΔE obtained experimentally for strained thin films will be 

used as reference for the latter experiments with LCO heterostructures.  

 

Figure 4. O K edge signals for LSCO films with x=0.05, 0.15 and 0.28 doping levels on (a) LAO and (b) STO substrates, from bottom 

to top, displaced vertically for clarity. The blue dashed lines indicate the position of the pre-peak feature and the principal peak of the 

edge, showing an increase of separation with higher doping levels. (c) Energy separation between the pre-peak and the principal peak vs. 

Sr content for LSCO films on LAO (black filled squares) and LAO (red filled circles). 

Figures 4a and 4b display the O K edges for different Sr concentrations in LSCO thin films (0.05 in black, 

0.15 in red and 0.28 in green) on LAO(100) and STO(100), respectively. The blue dashed lines go through the 

peaks 1 and 2 tagged in Figure 4a and show a shift in the relative pre-peak position compared to the main peak 

as the Sr content increases. The x=0.28 Sr-doped sample on STO shows no obvious pre-peak. This result suggests 

a noticeable deoxygenation of the sample, with a stoichiometry that deviates significantly from the nominal three 

O atoms per perovskite block. However, the Co oxidation state can still be analyzed via the difference in peak 

positions between the O K edge pre-peak and the adjacent main peak, the ΔE parameter. Figure 4c displays the 

ΔE of the O K edge is plotted versus the Sr content in LSCO thin films on STO(100) (red circles) and LAO(100) 

(black squares). For x=0.05 and x=0.15 the results are similar on both substrates, while there is a minor dispersion 

in the ΔE for x=0.28, which might be associated to local inhomogeneities in deoxygenation. Other methods can 

be used in the analysis of the Co oxidation states, as the L23 ratio in the Co L2,3 edge.   
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Figure 5. Co L2,3 edge signals for LSCO films with x=0.05, 0.15 and 0.28 doping levels on (a) LAO and (b) STO substrates. (c) L23 

ratio of the Co edge vs. Sr content and Co nominal oxidation states for 15 nm thin films of LSCO with different Sr content on 

STO(100) substrates (black squares) and LAO(100) substrates (red squares circles).  

 

Figure 5 displays a set of Co L2,3 edges measured on our samples both on LAO (a) and STO (b). To obtain 

these curves, an average of three spectra have been used for each Sr concentration avoiding the interfacial and 

surface signals.The L23 ratio values are plotted in Figure 5c versus the Sr doping and the nominal Co oxidation 

state for our series. The error bars are given by the mean square standard deviation. Some values are different 

for both substrates and have a large error bar, which would be consistent again with an inhomogeneous 

deoxygenation of the samples, but a general increasing trend is clear within error bars.  

In summary, it is clear that Sr doping results in the introduction of O vacancies in our films, which can alter 

their structure and electronic properties. The lowest end of our analysis, LSCO with x=0.05, did not exhibit the 

well known O vacancy superstructure, but hints of small amounts of disordered O vacancies are detected. This 

finding points out that small amounts of O vacancies are present in general in cobaltite films, including low Sr 

doping levels. In the following, we will focus on the study of undoped LCO films. We will keep in mind that the 

presence of O defects is likely, and thus we will try to analyze the possible effects of their presence as appropriate. 

 3. LCO thin films for MFTJ’s 

Next we will analyze sinlge, undoped LCO films, since we will later use LCO as the insulating barrier in 

MFTJ’s. LCO thin films have been grown on STO(001) substrates by an AC sputtering system at 750°C followed 

by an in-situ annealing at 900 mbar and 700°C. Reflectivity and X-ray diffraction measurements have been used 

primarily to calculate the thickness of the thin films and analyze the epitaxy of the samples. 
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Figure 6. (a) XRR of several LCO ultrathin films grown of STO, displaced vertically for clarity. (b) XRD of the same set of thin films. 

The main peaks correspond to the STO(100) substrate peak while the others correspond to the c-axes of  LCO.  

Figure 6 displays a set of XRR and XRD patterns for LCO thin films grown on STO(100) substrates. The 

oscillations in XRR appear up to high angles (2θ=8º), which is an indicative of a high structural quality and flat 

surfaces. Oscillations are slightly damped for higher thickness values (e.g. 11.8 nm – blue curves). This result 

can be due to partial relaxation processes that may appear upon reaching a critical thickness value, but it does 

not constitute an issue for our experiment since the barriers of our MTJ’s will stay within thickness ranges of 

approximately 3-4 nm in order to stay in a tunneling conduction regime. Figure 6b shows the XRD patterns of 

the same samples. A good epitaxy is inferred from the presence of finite size peaks around the substrate peaks. 

Our LCO films grow highly strained. The STO is an in-plane tensile substrate, which would tend to compress 

the c axis of the LCO. Bulk LCO exhibits a value of the c axis of 3.81 Å. Taking into account that the position 

of the LCO peak in the XRD patterns is at 2ϑ=48.45º, we calculate the c axis to have an average value of 3.7 Å. 

Hence, the compressive strain can be estimated to be around 2.8%. 

LCO films exhibit a high structural quality, but to be a successful candidate as a barrier, they should be 

insulating as well. In order to evaluate the transport properties, two different kinds of measurements have been 

carried out. In-plane resistance vs. temperature measurements have been acquired using the Van der Pauw 

method to avoid in-series contributions of the contacts resistance [37]. On the other hand, impedance 

spectroscopy techniques (see chapter 2) have been employed to study possible conduction mecahnisms involving 

diffusion of oxygen vacancies. 

 

Figure 7. Resistance vs. temperature of a 18 nm (in blue) and a 6 nm LCO thin film (red) on STO(100). Low temperatures are noisy due 

the high values of the resistance. 
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Figure 7 shows a resistance vs. temperature curve for both a 18 and a 6 nm thick LCO thin films on 

STO(100). Both samples are insulating for the whole temperature range measured, so measurements of ionic 

conductivity have been carried out using impedance spectroscopy. Ionic conduction in these compounds takes 

place basically via diffusion of O vacancies. The possibility of having ionic paths in epitaxially strained rich 

patterned structures could result in higher values of the ionic conductivity or a reduction of the activation energy. 

Y. Yang et al. reported theoretically that the accommodation of a large amount of strain in perovskite-structure 

oxides give rise to octahedral tilts and oxygen vacancy ordering since the O atoms are tied to cations in octahedral 

formations [38]. Also, V. V. Metha et al. have reported that ordered oxygen vacancies contribute to the stability 

of structures under epitaxial strain in thin films grown on STO, LAO and (La,Sr)(Al,Ta)O3 (LSAT) [39]. DFT 

calculations reported by Jeong Woo Han and Bilge Yildiz demonstrated that the planar tensile strain reduces the 

migration barrier of oxygen vacancy anisotropically on the LCO(001) surface, inducing an enhanced mobility 

along the [1-10] direction and a suppressed mobility along the [110] direction [40]. For these reasons, it is 

essential to study the ionic conductivity of our LCO thin films. 

 

Figure 8. (a) Logarithm of conductance vs. logarithm of frequency of a 11 nm thick LCO thin film on STO(100) for several temperatures. 

(b) Arrhenius plot of the same sample. Blue filled squares represent the dc conductance values for each temperature in (a) 

Figure 8 displays the dielectric response of a 11 nm LCO thin film on STO(100). Figure 8a shows the 

conductance vs. frequency for several temperatures. This conductance is independent of the frequency for almost 

all temperatures, which indicates that there are no blocking effects and the conduction process is purely 

electronic. Figure 8b displays the corresponding Arrhenius plot of the sample, which presents two different 

behaviors for high and low temperatures. The values of the activation energies are around EA = 0.2 eV, typical 

for electronic conduction mechanisms. In view of these data, we can discard the possibility of a major ionic 

conductivity in our LCO thin films. 

Magnetic hysteresis loops were also measured in order to study the magnetic properties of the LCO thin 

films. The magnetic field was applied parallel to the edge of the samples, and thus to the [100] or [010] crystal 

axes of the cubic STO substrate. Consequently, the magnetic field in these directions also coincides with the 

pseudocubic crystal axes of the cobaltite. The field was swept at 50 Oe/s for field values between 10000 and -

10000 Oe. The typical saturation magnetization is 1-2x10-5 emu, whereas the noise floor of the VSM is in the 

range of a few times 10-7 emu. The results are presented in Figure 9, which shows a magnetization vs. magnetic 

field curve for a 18 nm thick LCO film on STO(100).  The shape exhibits a pronounced round shape and a very 

large saturation field of ~0.3 T, which seem to behave like a superparamagnetic. 

 

-2 0 2 4 6 8

-8

-7

-6

-5

-4

L
o

g
(G

d
c
/S

)

Log(F/Hz)

T (C)

 280

 260

 240

 220

 200

 180

 160

 140

 120

 100

 80

 60

 40

 20

 0

 -20

 -40

 -60

 -80

 -100

2 4 6

-8

-6

-4

 Experimental values from plateaus

L
o
g
(G

d
c
/S

)

1000/T (K
-1
)

a. b.



58 
 

 

Figure 9. Magnetization as a function of magnetic field applied along the [100] of a LCO thin film of 18nm on STO(001). Inset: Zoom 

into the low field regime. 

 

3. LSMO/LCO/LSMO heterostructures for magnetic tunnel 

junctions 
 

Next, we move to the study of magnetic tunnel junctions (i.e., actual devices) combining ferromagnetic 

La0.7Sr0.3MnO3 (LSMO) electrodes with LCO. LSMO exhibits a rhombohedral perovskite structure above and 

below TC, with lattice parameters a = 3.876 Å and α = 90.46º at room temperature [41]. However, when LSMO 

is grown on a cubic substrate the unit cell is distorted in order to adopt a pseudocubic structure. As a result, the 

ratio between the in-plane (a) and out-of-plane (c) lattice parameters varies, being this parameter related to the 

magnetic properties of the manganite. As an example, Figure 10 depicts the effect of epitaxial strain (c/a ratio) 

on the orbital order of LSMO thin-films for different Sr compositions. In this orbital phase diagram the F region 

(orbital-disordered) is ferromagnetic and metallic, while the C (3z2-r2 ordered) and A regions (x2-y2 ordered) are 

insulating [42,43]. 

 

Figure 10. a) Phase diagram of La1-xSrxMnO3 adapted from references [44] and [45]. The AFM phase at large x is an A-type AF metal 

with uniform orbital order. PM, PI, FM, FI, and CI denote paramagnetic metal, paramagnetic insulator, FM metal, FM insulator, and 

spin-canted insulator states, respectively. TC is the Curie temperature and TN is the Neel temperature. (b) Temperature dependence of 

resistivity for various single crystals of La1-xSrxMnO3. Arrows indicate the Curie temperature. The open triangles indicate anomalies due 

to structural transitions. 
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For x=0.3 Sr doping, our case, bulk LSMO has a Curie temperature of 369 K and a saturation magnetization 

of Ms=3.7 µB/atMn at low temperatures. Also important for our experiment is the value of the resistivity at low 

temperatures, which turns out to be around 10-5 Ω cm. Another important property of LSMO is that it is a half-

metallic ferromagnet as demonstrated by spin-resolved photoemission experiments. The half-metallic character 

of LSMO implies an empty minority spin conduction band. Thus, the material has 100% spin polarization at low 

temperature. 

 

 

Figure 11. (a) X-ray reflectivity of a 30nm LSMO thin film grown on STO(100). Inset: X-ray diffraction pattern. (b) Resistance vs. 

temperature, again for a 30 nm thick LCMO film. (c) Magnetization vs. temperature of the same sample. 

WE can obtain high quality LSMO films with optimal properties. Figure 11a shows the reflectivity of a 30 

nm thick LSMO film on STO(100). Finite size oscillations run up to high angles, revealing a high degree of 

surface flatness. In the inset, the X-ray diffraction pattern of the same sample denotes good epitaxy and high 

quality of the film, since it also presents finite size peaks around the substrate reflection. In Figure 11b, the 

resistance vs. temperature curve shows a good metallicity as well. Finally, Figure 11c displays a typical value of 

the saturation magnetization for thin films, which reaches values near 3,2 µB/atMn at low temperatures.  

So far, we have demonstrated the ability to grow high quality LSMO samples. Now, in order to study the 

properties of the MTJ’s based on LSMO/LCO/LSMO heterostructures, we have also carried out both structural 

and magnetic characterization of LSMO/LCO/LSMO trilayers on STO(100) substrates, which we will show 

next. After that, we will address the fabrication of devices using lithography and ion milling techniques to 

measure the out-of-plane transport properties of the MFTs.  

 

 4.1. Magnetic tunnel junctions (MTJs) of LSMO/LCO/LSMO 

 

To ensure good structural properties of these trilayers we have carried out both macroscopically averaged 

diffraction and local electron microscopy measurements. X-ray reflectivity and X-ray diffraction pattern of two 

trilayers of LSMO/LCO/LSMO on STO(100) substrates are presented in Figure 12a and 12b respectively. The 

samples shown are two different LSMO15nm/LCO3nm/LSMO8nm trilayers grown on STO(100) in two different 

positions inside the sputtering chamber to ensure homogeneity during the growth process, which could be critical 

wen producing devices at a later stage. The LSMO and LCO grow at different temperatures (900°C for LSMO 

and 750°C for LCO). 
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Figure 12. (a) XRR of two trilayers of LSMO/LCO/LSMO grown on STO(100) with the same thicknesses. Samples are grown in the 

same conditions but in different positions on the sputtering chamber. (b) XRD pattern of the same samples. 

 

 

In order to define the MFTJs, the heterostructures have been patterned into micron size rectangle shaped 

pillars (9x18 µm2 and 5x10 µm2) using standard UV optical lithography and ion milling. Silver electrodes were 

evaporated to measure perpendicular transport. Figure 13 shows the schematic of such a junction for clarity.  

 

 

Figure 13. Schematic of the pillars defined for transport measurements. 

 

Magnetic fields were applied along the easy axis of the LSMO ([110] direction) and swept between -4000 

and 4000 Oe. Figure 14a shows the out-of-plane resistance vs. temperature of a MTJ of 5x10µm2 

LSMO15nm/LCO3nm/LSMO8nm on STO(100). The resistance values are very low compared to those expected, 

probably due to the small thickness of the LCO layer. 

 

 
Figure 14. (a) Out of plane resistance vs. magnetic field of a MTJ of 5x10µm2 consisting on a LSMO15nm/LCO3nm/ LSMO8nm trilayer 

grown on STO(100). (b) Intensity vs. voltage curves of the same sample measured for different temperatures.  
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The tunneling magnetoresistance (TMR) values obtained for these MTJ’s are small, with maximum values 

of 3 % in the best junctions at low temperatures. We believe these low values are related to the magnetic 

properties of the electrodes, especially the coercive fields. The coercive field of the bottom layer for T=25 K is 

HC bottom= 40 Oe as expected for this LSMO thickness, but the one associated with the top electrode is not clear 

from our data. The magnetic moments of the top electrode rotate gradually as the magnetic field is applied along 

a hard axis reaching a value of approximately 1600 Oe. This result is in good agreement with the magnetic 

behavior of bilayers, where LSMO layers grown on LCO do not saturate even for high values of the magnetic 

field (see the next sections). Figure 14b displays a typical IV curve, which shows the features typical of a tunnel 

conduction mechanism. Table II shows the values of the height of the barrier, φ, and the thickness, t, obtained 

by fitting these IV curves for small voltages with the Simmons model [46]. This model model considers a 

rectangular potential, which is in good agreement with symmetric tunnel junctions and same energy profiles on 

each side of the insulating barrier, while the Brinkman model describes a trapezoidal barrier considering different 

interface properties (see chapter 1). The Brinkman model did not converge for the experimental values so it not 

presented here [47]. 

 

 15 K 25 K 45 K 65 K 

Barrier height (eV) 0.44 0.45 0.48 0.47 

Thickness(Å) 21.5 21.3 20.8 21.1 

 

Table I. Values of barrier heights and thicknesses obtained by fitting the IV curves of Figure 14 to the Simmons model. 

 

As shown in table I, the values of the barrier thickness are small compared to those measured with XRR 

measurements around 3.5 nm. However, phenomena such as a minor Sr interdiffusion into the LCO layer could 

result in the presence of a thin interfacial metallic layer that would reduce the effective barrier thickness. As we 

have shown, the LCO is easy to dope with holes by introducing Sr in the lattice and there is an insulator/metal 

phase boundary at room temperature near Sr x=0.2 for La1-xSrxCoO3 [48]. In order to evaluate such posibility we 

have carried out atomic resolution STEM-EELS measurements, shown next. 

 

4.2. STEM-EELS characterization of LSMO/ LCO/LSMO MTJ’s 

 

In order to understand the macroscopic effects of the LSMO/LCO/LSMO heterostructures, we study the 

local properties of the samples using the capabilities of the STEM-EELS. We will analyze aspects such as the 

presence of oxygen vacancies in the barrier, interdiffusion of Sr into the LCO layer or the fine structure of the 

Mn and Co L2,3 edges in order to explain the origin of properties such as the change in the magnetic anisotropy 

of the top LSMO electrode. 
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Figure 15. (a) Annular bright field image (ABF) of the STO(100) substrate showing the zone axis. (b) Low magnification ABF image of 

a LSMO15nm/LCO3nm/LSMO8nm trilayer. (c) Low magnification ABF image of the trilayer, where the LCO can be seen sandwiched 

between the two LSMO films. 

Figure 15 exhibits several annular bright field images of a LSMO15nm/LCO3nm/LSMO8nm trilayer on 

STO(100). Figure 15a shows a high resolution ABF image of the substrate down the (100) zone axis. Low 

magnification images such as the ones in Figures 15b,c, show that the heterostructure is very flat over long lateral 

distances. The LCO layer is continuous, no pinholes or secondary phases are observed, and the LCO/LSMO 

interfaces are very flat.  

 

Figure 16. (a) High angle annular dark field image (HAADF) of the LSMO15nm/LCO3nm/LSMO8nm trilayer. (b) High resolution image of 

the same trilayer. The orange horizontal arrows indicate O vacancy rich planes. The vertical arrows indicate the width of the LCO film. 

 

The high resolution HAADF images shown in Figure 16a show the high structural quality of the 

LSMO/LCO/LSMO interfaces and layers. The interfaces are coherent and free of major defects. However, some 

in-plane dark stripes can be detected within the LCO film. The dark stripes, highlighted by small orange 

horizontal arrows, correspond to dilated distances between adjacent LaO-LaO atomic planes separated by O 

deficient CoO2-x planes. This result evidences the presence of oxygen vacancies clustering locally within CoO2 

planes such as those previously observed in ultrathin LSCO thin films [49,12].  The lateral length scale of these 

O-deficient platelets is of the order of a few nm, pointing to the presence of a low density of O vacancies. 

We have used EELS to study the stoichiometry of the samples and interfaces. The dual EELS mode has 

been used to simultaneously acquire low and high energy-loss scales in order to analyze the possible presence 
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of Sr in the LCO as a result of interdiffusion during the growth process. A summary of the most significant 

results are presented in Figure 17. 

 

 
Figure 17. (a) HAADF image of a LSMO15nm/LCO3nm/LSMO8nm trilayer on STO(100). The red line corresponds to the direction of an 

EELS line-scan. (b) Normalized intensities corresponding to the integrated intensities below the Co, Mn, Sr and Ti L2,3 edges. The black 

arrow indicates the growth direction and the red rectangle indicates the position of the LCO layer. Please, note that the direction of the 

scan has been rotated ninenty degrees respect to (a). 

 

Figure 17a shows a HAADF image of the sample. The red line indicates the area where an EELS line-scan 

was acquired. The beam was raster scanned from the top to the bottom. The line scan was recorded using an 

energy dispersion of 0.25 eV/channel and an exposure time of 1.3 s/pixel, with a beam current of tens of pA. In 

Figure 17b, the normalized integrated intensities of the different signals of the Ti (green), Mn (yellow), Co (blue) 

and Sr (magenta) L2,3 edges, with onsets around 452 eV, 642, 779 and 1950 eV respectively, are plotted along 

the heterostructure. The width of the LCO layer is around 2 nm (marked with a red rectangle). This result is in 

good agreement with the thickness values obtained by using the Simons model to fit the IV curves in MFTs (see 

previous section). Both the Sr (magenta) and the Mn (yellow) signals vanish within the LCO, pointing to 

negligible interdiffusion. Figure 18 summarizes a representative example, where atomic resolution chemical 

maps of a trilayer are presented. Images derived from the analysis of the La M4,5, Mn L2,3 and Co L2,3 edges are 

shown in red, yellow and blue, respectively. Despite some spatial drift during measurements, a horizontal 

average can be made, shown in the right panel. The interfaces are chemically sharp and no Mn/Co intermixing 

is detected. 
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Figure 18. HAADF image of a LSMO15nm/LCO3nm/LSMO8nm trilayer. A yellow rectangle indicates the region of interest (ROI) for the 

spectrum image. Simultaneously acquired ADF signal along with the chemical maps extracted from the La M4,5 (red), Mn L2,3 (yellow), 

Co L2,3 (blue) edges of an atomic resolution 2D EEL-spectrum image. Some spatial drift is present. The right panel shows the laterally 

averaged Mn (yellow) and Co (blue) signals. 

To complete the experiment and analyze the interface electronic properties, we have studied the fine 

structure of the O K and the Mn and Co L2,3 edges. This analysis can give significant information related to 

orbital reconstructions at interfaces, changes in the oxidation states, charge transfer processes, etc. An analysis 

of the O K edge pre-peak and the L2,3 fine structure of the Co and Mn edges has been carried out for several 

spectrum images. As explained in section 1, we will make use of the difference in peak positions between the O 

K edge pre-peak and the adjacent main peak, ΔE, which increases with Mn oxidation state in mangnanites [32, 

34]. We will use data from the literature to quantify the Mn oxidation state from the ELNES features through 

our LSMO/LCO/LSMO heterostructures  [50-52]. For a qualitative study of the Co oxidation state in our LCO 

films, we will employ the values obtained for the L23 ratio from the reference films in section 1. The fit parameters 

obtained in this case are a=3.08±0.11 and b=2.2±0.6 (the correlation of the fit is 0.87). We will use these data as 

a calibration curve to quantify the Co valence in our ultrathin LCO barriers. Figure 19a exhibits some O K edges 

extracted from a spectrum image of a LSMO/LCO/LSMO heterostructure. The ROI is a rectangle comprising 

the LCO barrier and the top LSMO electrode. The simultaneous ADF exhibits some spatial drift. The red and 

blue squares mark the zones where the O K edge signals have been normalized in the LSMO and LCO layer, 

respectively. The pre-peak feature at the onset of the edge (near 527 eV) is suppressed in the LCO layer. This 

observation confirms that some degree of O deficiency exists in the dark stripes seen in Figure 16b. 
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Figure 19. (a) ADF signal simultaneously acquired with a spectrum image acquired on a region in a LSMO/LCO/LSMO trilayer including 

a LCO / LSMO interface, which is highlighted by a yellow dashed line. The red rectangle marks the zone in the LSMO that was used to 

generate the averaged O K edge signal (red curve) displayed on the right panel. The blue square corresponds to the LCO zone, with the 

corresponding O K edge profile in blue (right) showing different features of the fine structure. (b) Mn oxidation state for the bilayer (black 

squares) and Co oxidation state (blue squares). The Mn oxidation state has been obtained using the ΔE method (O K edge) while the Co 

oxidation state has been quantified from the L23 ratio (hence, the noise) [35]. Inset: Mn and Co signals of the bilayer showing the interface 

location. Some spatial drift is present, which does not affect the lateral averaging performed here. 

 

In Figure 19 the oxidation states of Mn and Co are plotted in black and blue, respectively, across a 

LCO/LSMO interface. The Figure in the inset shows the normalized integrated intensities of the Mn and Co L2,3 

edge signals. The point where the signals intersect can be used to accurately identify the position of the 

LCO/LSMO top interface. The values of the Co oxidation state are very noisy and surprisingly high for a 

deoxygenated layer in some regions, but they do not hinder a qualitative interpretation. It appears as the Co 

atoms exhibit a tendency to get further oxidized when approaching the LSMO interface. On the contrary, the Mn 

oxidation state tends to be reduced in the proximity of the LCO interface. Interestingly, the average Mn valence 

within the LSMO layer is fairly reduced when compared with the nominally expected value of +3.3, pointing to 

some degree of electron doping (possible due to the presence of O vacancies in the system). Unfortunately, the 

high degree of noise hinders an accurate analysis of any charge transfer in the system. Nevertheless, we can say 

that the electronic properties of our layers are not bulk-like, which probably affects the magnetism in general 

and the different anisotropy of the top LSMO electrode. In order to gain more insights into this issue a study of 
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LSMO/LCO and LCO/LSMO bilayers is presented in next section so we can deconvolve the magnetic properties 

of the top and bottom LSMO electrodes. 

 

5. LSMO/LCO and LCO/LSMO bilayers 

5.1. Magnetic characterization of bilayers 

 

In the first place, we have carried out a structural and transport characterization of bilayers where LSMO 

and LCO are combined, changing the sequence of growth on the STO(100) substrates. Our main objective is to 

analyze and/or disregard growth sequence effects on the quality of the interfaces between both materials and 

also examine other structural effects on the different magnetic properties such as anisotropy. For this aim, a 

series of LCO/LSMO and LSMO/LCO samples on STO(100) have been grown. 

 
Figure 20. (a) XRR pattern of two bilayers with different sequences. The red curve corresponds to the STO(100)// LCO4nm/ LSMO18nm 

bilayer, while the black one represents the STO(100)//LSMO18nm/LCO4nm specimen. (b) XRD patterns of the same samples (same color 

code). Blue arrows indicate the STO substrate reflections, and red arrows indicate the LSMO/LCO peak. 

 

Figure 20 shows the X-ray reflectivity and the X-ray diffraction patterns of two bilayers. Both samples have 

been obtained under the same conditions but the top/bottom sequence in the growth is different. The red curves 

of Figures 20a and 20b correspond to a bilayer of LCO4nm/LSMO18nm, while the black ones correspond to a 

LSMO18nm/LCO4nm sample. Both types of heterostructures exhibit very high quality and appear flat and epitaxial. 

X-ray diffraction shows that, no matter the layer sequence, bilayers are uniformly strained to match the cubic in 

plane lattice parameters of the STO (100) what imposes a tensile epitaxial mismatch strain amounting 0.5% for 

the LSMO (a=3.87 Å) and 2% for the LCO (a=3.82 Å). Regarding the magnetic properties, hysteresis loops have 

been measured for the same samples at different temperatures in order to study the magnetic anisotropy. 
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Figure 21. M(H) loops of the LSMO18nm/LCO4nm (a) and LCO4nm/LSMO18nm (b) at 5K with magnetic fields applied in plane along [100] 

(black squares), [110] (red squares) and out-of-plane [001] direction. 

 

Figure 21 shows M(H) loops from both kind of bilayers with magnetic fields aligned along relevant [100], 

[110] (in plane), and [011] (out of plane) directions. The curves denote profound changes in the magnetic 

anisotropy. LSMO18nm/LCO4nm samples show a biaxial in plane anisotropy with biaxial easy axes as shown 

previously in single layer manganites. A significant remanence is obtained in the out-of-plane loops, larger than 

that previously found in single manganite thin films. On the other hand, LCO4nm/LSMO18nm samples were 

magnetically very different. M(H) loops show negligible in plane anisotropy and [100] and [110] in plane loops 

are quite similar to the out-of-plane [001] cycle, indicating that the sample is magnetically more isotropic, 

resembling the magnetic structure of the undistorted LSMO rhombohedral structure of bulk samples.  

 

To gain further insights, two representative samples have been measured by Karoly Nagy and Titusz Feher 

using ferromagnetic resonance (FMR) in the Department of Physics of the Budapest University of Technology 

and Economics (Hungary). FMR spectra were recorded at 77 K and 9 GHz under an in plane rotating magnetic 

field. The angular dependence of the FMR for the two samples studied is shown in Figure 22. For rotations in 

the (c,a) plane we define the orientation with θ, where θ=0 refers to B//c and θ=90 to B//a, while for rotations in 

the (a,b) plane we define the orientation with Φ, where Φ=0 refers to B//a and Φ=45 to B//[110].  

 
Figure 22. Schematics of the geometry of the sample with respect to the magnetic field. 

 

The four minima of the FMR field, the radial value of the polar plot, along the [100] directions indicate the 

magnetic easy axis. These data can be explained in terms of the anisotropic magnetic free energy density: 
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Which contains Zeeman, demagnetizing and magnetic anisotropy terms. In this expressions, Ms is the 

saturation magnetization (αi=Mi/Msat, i=1,2,3 and 𝛼1
2 + 𝛼2

2 + 𝛼3
2=1), K2c is the lowest order in-plane anisotropy 

term, K4ab is the anisotropic in plane anisotropy and K4c accounts for a higher order out of plane indistinguishable 

from the K2c term without extra input. The anisotropy caused by µ0Ms is set to 0.75 T, which is equivalent to an 

extra easy-plane anisotropy with K2c=219 KJ/m3. 

 

The resonance fields (B0) are plotted vs. the rotation angles in Figure 23 (in-plane and out-of-plane 

rotations) for both types of bilayers. The data exhibit the typical sinusoidal variation of the FMR field, B0 (T), 

vs. the angle between B and the sample. In Figures 23a and 23b, the top panels show the FMR fields B0 measured 

experimentally (green spots) for the in-plane angles. In both samples, the results are characteristic of biaxial 

symmetry with easy axes along the [100] direction. The green points are the experimental values, while the blue 

line corresponds to theoretical simulations obtained. Despite the different shape of the in-plane graphs, the 

difference between the maxima and the minima in both samples is the same, 0.1 T. Bottom panels in Figure 23a 

and 23b display the B0 vs. the out-of-plane angle. In this case, the red square indicates a zone where the 

theoretical results do not fit the experimental values.  

 

 

 
Figure 23. FMR resonance fields for the in-plane (top 360º circular plots) and out-of-plane (bottom plots) of (a) LCO4nm/LSMO18nm 

bilayer and (b) LSMO18nm/LCO4nm bilayer. Green spots correspond to experimental data and lines correspond to simulations obtained by 

using the classical model of equation [1] and parameters listed in Table II.   

 

For both bilayers LSMO18nm/LCO4nm and LCO4nm/ LSMO18nm we obtained, K4c=0 (see Table II) since no 

higher order terms were needed for the description if the important features. However, while for 

LSMO18nm/LCO4nm K2c=71 KJ/m3, for the LCO4nm/ LSMO18nm bilayer the negative K2c=-83 KJ/m3 indicates that 

without the shape anisotropy the magnetization would be perpendicular to the (001) preferred over [110]. It is 
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well known that STO distorts LSMO in such a way that in ultrathin LSMO the easy axis turns along the [100] 

direction.  

 

 

 

Table II. Anisotropy energies of LSMO/LCO and LCO/LSMO bilayers on STO(100) substrates at 77K. 

 

It is worth to remark that although at first sight the similar values of the in plane anisotropy constant obtained 

for both kind of bilayers may seem inconsistent with the isotropic behavior found by M(H) loops in LCO4nm/ 

LSMO18nm bilayer, it simply may result from the tendency of the manganite magnetization to point out of the 

plane in this sample. Moreover, a comparison is not straightforward since magnetization curves depends largely 

on inhomogeneities, domains and pinning. More relevant is the large difference in K2c depending on whether the 

LCO is above or below the LSMO. FMR data show that without shape anisotropy the spins would favor 

perpendicular orientation when LSMO is grown of top of LCO. Also, the FMR was much broader (even beyond 

observation at certain B field directions) in this sample than in the other one, which is even consistent with small 

islands of perpendicular orientation (i.e. inhomogeneities with K2c even defeating the shape anisotropy at some 

places). The slow saturation of the H//plane magnetization curves in LCO4nm/ LSMO18nm bilayer is consistent 

with this. 

 
Figure 24. M(H) loops of the LCO4nm/LSMO18nm samples at 5 (black line and symbols), 20 (red line and symbols), 60 (green line and 

symbols), 80 (blue line and symbols), 200K (magenta line and symbols) with magnetic field applied in plane in the [001] out of plane 

direction. 

 

Figure 24 displays M(H) loops of the LCO4nm/ LSMO18nm bilayer for several temperatures, where an 

intriguing widening at coercivity can be clearly observed, which suggests second magnetic phase with out of 

plane magnetization, and which disappears when the temperature is increased above the Curie point of the 

cobaltite. The large values of the associated magnetic moment indicate that the magnetic phase is related to the 

manganite and cannot be ascribed to the cobaltite layer of much lower thickness (and thus with much smaller 

saturation moment). 
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5.2. Structural characterization of bilayers. 

 

The change in magnetic behavior can be discussed in the frame of different structural distortions within the 

LSMO layers. Bulk LSMO single crystals have [111] easy axes imposed by the rhombohedral distortion of its 

orthorhombic lattice. However, LSMO thin films on STO experience tetragonal distortions in the plane, which 

enlarge the in-plane parameters of the LSMO to match the square lattice of the STO substrate. The LSMO layers 

have biaxial in-plane anisotropy with [110] easy axis and [100] hard axes [53]. The magnetic measurement 

results obtained in section 5.1 suggest that both bilayers are in the same uniformly strained state macroscopically 

(see Figure 22), but the expanded lattice at the oxygen vacancies of the cobaltite (see Figure 16) can trigger a 

modification in the pattern of distortions. These distortions nucleating within the LCO layer can propagate into 

the manganite, giving rise to local inhomogenities in the LSMO upper layer, which could be responsible for the 

modification of the magnetic state.  

 
Figure 25. (a) Atomic resolution HAADF images of a STO/LSMO18nm /LCO4nm (left) and a STO /LCO4nm /LSMO18nm (right) bilayer. 

The yellow dashed lines indicate the interfaces between the LSMO and LCO layers. (b) Histograms (logarithmic scale) of the distribution 

of values of the LSMO layer c lattice parameter, calculated from column-by-column analyses of a number of atomic resolution images. 

Red (black) data correspond to the STO/ LSMO18nm /LCO4nm  (STO / LCO4nm /LSMO18nm ). Inset: Histogram for the c-axis distribution 

measured on the STO(100) substrate for both samples, same color code, along with Gaussian fits (used for calibration) The scale bars 

represent 5 nm. 

 

This effect is evident from the analysis of the local structure in HAADF images such as the ones in Figures 

25a and 25b for both types of samples. The lattice constant of the perovskite block can be quantified in real space 

over lateral length scales of a hundred nm analyzing lattice dimensions in a unit-cell-by-unit-cell fashion. For 

this aim, we have measured the coordinates of the center of mass of the atomic columns of interest through a 

number of high resolution images. Once the individual columns are localized, a distribution of c-axis values can 

be obtained by subtracting nearest-neighbor coordinates along the growth direction. Since STEM images are 

prone to scan artifacts, we have used the substrate histogram distribution (inset, same color code) as an internal 

spatial calibration.  This way, it is possible to track the evolution of the c lattice parameter across the LSMO 

layers of our samples. Figure 25b plots the histograms of the distribution of c lattice constant values obtained 

from our analysis. Black (red) data correspond to the LCO4nm/LSMO18nm (LSMO18nm/LCO4nm) bilayer. The 

average lattice parameters of both samples are very close to each other, 3.88 vs. 3.89 Å, which is consistent with 

the X ray diffraction data. However, the distribution of c values in the LCO4nm/LSMO18nm sample (LSMO on 

top, black) is noticeably wider than the case when LSMO grows directly on top of the single crystal substrate. 

This finding points to a lower degree of structural homogeneity when the manganite is deposited on top of the 

oxygen deficient cobaltite layer. Indeed, the data suggest that the lattice expansions around oxygen vacancies 
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(nucleating in the cobaltite) propagate well into the manganite layer disrupting the cubic order imposed by the 

STO. On the other hand, when the cobaltite is the top layer as in LSMO18nm/LCO4nm samples, our maps show a 

more regular, undistorted structure with a lower dispersion of lattice constant values. 

  

6. Conclusions 

 

Across this chapter, we have fabricated heterostructures based on LSMO and LCO thin films, aimed at the 

fabrication of MTJ’s using LCO as ferromagnetic barrier. We have confirmed that all LSMO, LSMO and 

trilayers are epitaxial and of high structural quality. Insulating behavior is observed for the LCO thin films as 

expected, and the magnetic properties of the LSMO and LCO thin films correspond with results obtained before. 

The tunnel conductance has been measured in the devices but very low TMR values of 3% have been obtained. 

In addition, the results obtained in the RH curves of Figure 16 reveal that the LSMO upper electrode is in a hard 

axis when the magnetic field is applied along the [110] direction, while the bottom LSMO electrode is in an easy 

axis with the coercive field around 80 Oe, as expected. We have analyzed by STEM-EELS aspects such as the 

presence of oxygen vacancies in the barrier, interdiffusion of Sr into the LCO layer and the fine structure of the 

Mn and Co L2,3 edges in order to explain the origin of the properties, such as the change in the magnetic 

anisotropy of the top LSMO electrode. The STEM results give proof of a high structural quality of the 

heterostructures. O vacancies are present in the LCO barrier, but they are not arranged in an ordered fashion as 

in the LSCO films. The La-La interatomic distances around the CoO2-x dark stripes are in good agreement with 

the literature for LCO strained thin films and the section 1 of this chapter. We have verified that there is no major 

Sr interdiffusion from the LSMO into the LCO barrier, but we have also observed that the interfaces are not 

atomically abrupt. The effective thickness of the LCO layer measured by EELS is of 2 nm, which corresponds 

with the thickness predicted using the Simons model from the IV curves. An analysis of the fine structure of the 

O K, Mn L2,3 and Co L2,3 edges has been done. The small pre-peak of the O K edge suggests again the presence 

of oxygen vacancies in the LCO layer. On the other hand, the Mn is slightly reduced in the interface while the 

Co is oxidized. The profile obtained in Figure 19 shows that Co atoms are reduced in the middle of the layer. 

This last result suggests a charge transfer process of electrons from the LCO to the LSMO layer. However, these 

results do not explain the origin of the anisotropy observed in the LSMO top electrode. 

In order to study separately both LSMO layers, we have studied the top and bottom LSMO layer 

independently by growing bilayers combining LCO and LSMO. In these samples the magnetic anisotropy of the 

LSMO is surprisingly different when it is grown on top of a LCO buffer layer. The [110] easy axis of bulk LSMO 

becomes a hard axis and the magnetization does not saturate. FMR measurements demonstrate that LSMO layers 

on top of LCO change their easy axis to the out-of-plane direction. This finding indicates that magnetic 

interactions occurring at the interface with the cobaltite may trigger out-of-plane moments in the manganite. In 

fact, this is consistent with the out-of-plane low temperature magnetization loops of Figure 24, which suggest a 

second magnetic phase with out-of-plane magnetization that disappears when the temperature is increased above 

the Curie temperature of the LCO. 

The analysis of atomic resolution STEM images throws differences in the structural features of top and 

bottom LSMO electrodes. The histogram presented in Figure 25 reveals a wider distribution of the c axis values 

in the LSMO layer when it is grown on top of LCO. This result can be understood having in mind that the LCO 

layer has oxygen vacancies distributed in nanometric platelets which give rise to inhomogeneous strain fields. 

These can propagate towards the surface, distorting locally the LSMO c axis. On the other hand, FMR data show 

that without shape anisotropy the spins would favor perpendicular orientation when LSMO is grown on top of 
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LCO, which is in good agreement with the fact that the modifications in the bond distances propagate into the 

manganite control the magnetic anisotropy through their effect on band width and orbital polarization [54]. 

Finally, it would be of great interest to measure LSMO reciprocal space maps for bilayers with different 

sequences to refine the distortions in the LSMO films. 
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Chapter 4: Oxygen vacancy doping in 

multiferroic tunnel junctions

Multiferroic tunnel junctions (MFTJ) are tunnel junctions with ferromagnetic electrodes and ferroelectric 

barriers, which allow ferroelectric control of the tunneling spin polarization through the magnetoelectric 

coupling at the ferromagnetic/ferroelectric interface [1-6]. In the last few years, efforts to improve design and 

functionality of MTJs have focused on barrier engineering [7-9]. In this work, we have explored new avenues to 

modulate doping by introducing an extra player: O vacancies. These point defects may act as electronic donors 

but also can be mobile and hence be transferred between electrodes, possibly providing additional functionalities. 

For example, in resistive switching devices, the interface-type conducting path can be driven by electrochemical 

migration of oxygen vacancies [10]. To this aim, we introduced an interface between the barrier and the top 

electrode consisting in an additional layer that will act as O vacancy reservoir, so carriers can be injected into 

the FE barrier. In fact, we will show how ferroelectric tunnel junctions with La0.7Sr0.3MnO3 electrodes and 

BaTiO3 tunneling barriers may exhibit an enhancement of the TER by up to ∼10,000% thanks to the introduction 

of a 2 nm thick nominal La0.86Sr0.14CuO3 ultrathin film in between the ferroelectric barrier and the top electrode. 

The 2 nm thick insulating cuprate layer stores a large density of oxygen vacancies and ensures an electronic 

screening asymmetry, which yields such large electroresistance upon the switching of the ferroelectric 

polarization. The drastic change in the TER is coupled with an inversion in the sign of the tunneling 

magnetoresistance (TMR) observed for a given polarization direction.   

1. Introduction

In the past few years, magnetic tunnel junctions with ferroelectric barriers have attracted a great interest due 

the rich physics present along with their high potential for technological applications such as data storage [2]. 

Thanks to the advances in thin-film characterization and deposition techniques, it is now possible to control the 

switching of polarization of ferroelectric barriers like BaTiO3 or PbZrTiO3 with nanoscale thicknesses. Such 

possibility enables in a wide variety of functionalities, especially when combined with the control of 

magnetization of ferromagnetic electrodes [11-13]. For example, the nucleation of small ferroelectric domains 

with polarization vectors parallel to uncharged domain walls can cause large changes in the tunneling resistance 

upon polarization switching [3,9,7]. This behavior allows controlling the resistance through ferroelectric 

domains in a controlled fashion via an applied voltage. The process yields a multiplicity of memresistance states 

[14]. Along this line, further developments in barrier engineering may consist in introducing new elements 

between the ferroelectric barrier and one of the electrodes. For instance, Yin et al. have proposed the introduction 

of an ultrathin La0.5Ca0.5MnO3 layer, 2 nm thick, between the upper electrode and the ferroelectric barrier which 

yielded in a very large TER effect for La0.7Sr0.3MnO3/BaTiO3/La0.7Sr0.3MnO3 junctions [7]. More recently, Liu 

et al. studied theoretically the effect of ferroelectric polarization on the TER effect in a metal-ferroelectric-

semiconductor FTJ taking SrRuO3/BaTiO3/n-SrTiO3 as a model system. They found a metallic interface at the 

n-SrTiO3 side in the ON state, which reduced the barrier width. This width is controlled, as a space charge region, 

by the band alignment between the semiconductor and the ferroelectric insulator [8].  

In our experiment, an ultrathin film of nominal La0.84Sr0.16CuO3-δ (LSCuO) has been introduced between 

the ferroelectric barrier and the top electrode in order to break the symmetry of the junctions and introduce 
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oxygen vacancies as a new degree of freedom in the system. LSCuO has been reported to behave as a hole-doped 

semiconductor, just like most cuprates [15,16]. It exhibits a wide range of oxygen stoichiometries while 

maintaining the basic perovskite structure, being its properties are very sensitive to changes in the doping level 

[17]. Most interestingly, LSCuO tends to accumulate a high density of oxygen vacancies. For these reasons, 

along with the chemical affinity to LSMO, we have chosen LSCuO for our experiment. 

 

2. La0.86Sr0.14CuO3 as an oxygen vacancy reservoir 

 

We have introduced an ultrathin film of the nominal La1.84Sr0.16CuO3 between the ferroelectric and the top 

manganite contact of asymmetric La0.7Sr0.3MnO3/ BaTiO3/ La0.7Sr0.3MnO3 (LSMO/BTO/LSMO) junctions. The 

parent compound LaCuO3-δ belongs to the lanthanum copper oxide family which has been considered as a 

potential source of superconducting materials. However, superconductivity has not been found. It seems that the 

determining factor is that a 3D network of O-Cu-O bonds can be found in LaCuO3, contrary to the 2D (planar) 

structure of high Tc-superconductors. There is a large uncertainty regarding the electrical and magnetic 

properties of this material, probably due to uncertainties about oxygen deficiency. LaCuO3-δ exhibits a 

remarkably wide oxygen stoichiometry range, 0 ≤ δ ≤ 0.5, displaying at least three well-ordered structures. A 

model of LaCuO3-δ proposed by M.T. Czyzyk and G. A. Sawatzky predicted this material to be an insulator for 

the ideal stoichiometric tetragonal phase, a poor metal (doped semiconductor) for 0 ≤ δ ≤ 0.5, and again an 

insulator for δ=0.5 [16]. Regarding magnetic properties, LaCuO3 was predicted to be antiferromagnetic in all 

doping ranges, but for intermediate values it is very likely that some ferromagnetic component may develop due 

to disorder and moment canting. These results are in agreement with the experimental findings by J. F. Bringley 

et al., which show that the copper valence varies continuously from 3+ to 2+ in the oxygen-defficient perovskite 

[18]. A tetragonal phase exists between 0 < δ ≤ 0.2, and a monoclinic phase is found between 0.2 ≤ δ ≤ 0.4. Both 

phases are metallic with room-temperature resistivities of (1.0-3.0)x10-3 Ω cm. Above doping levels of 0.4, the 

phase turns into an orthorhombic structure and the material becomes an insulator again. It presents a 

ferromagnetic behavior in the tetragonal phase but it disappears at the δ≈0.2 phase boundary [17,18]. The parent 

compound is extremely difficult to prepare with a stoichiometric tetragonal phase without oxygen vacancies.  

The role of Sr addition in the LaCuO3 parent compound is to stabilize a perovskite structure [15], associated 

with the presence of trivalent copper ions that are created to balance charge neutrality. With increasing 

concentrations of trivalent copper ions upon to Sr doping, lanthanum copper oxide evolves from a semiconductor 

to a metallic conductor. Several Sr-doped lanthanum copper oxides have been reported to crystallize in an oxygen 

deficient perovskite structure. Typically, La1-xSrxCuO2-δ has a tetragonal cell of a ≈ 2√2 ap and c ≈ ap (ap is the 

lattice parameter of the primitive cubic perovskite, 3.84 Å) for 0.15≤ x ≤ 0.25 [19]. 

 

3. Ferromagnetic La0.7Sr0.3MnO3 electrodes and ferroelectric BaTiO3 

barrier 

 

Barium titanate (BTO) is a wide band-gap insulator that exhibits ferroelectric behavior at room temperature. 

It presents a perovskite structure, and has a structural phase transition at Tc = 393 K from a paraelectric cubic (a 

= b = c = 4.000 Å) to a ferroelectric tetragonal structure (a = b = 3.987 Å and c = 4.040 Å). The saturation 

polarization is Ps = 25 µC·cm-2. The Ti+4 ions move away from their equilibrium position (which corresponds to 
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the center of the oxygen octahedra), giving rise to a finite dipolar moment. BTO presents another structural phase 

transition is present below T = 278 K, to an orthorhombic structure (a = 5.704 Å, b = 3.963 Å, c = 5,683 Å, and 

Ps = 33 µC·cm-2), and then at T = 183 K to a rhombohedrical structure (a = 5.704 Å, θ = 89.56º, and Ps = 33 

µC·cm-2) [20]. These structural phase transitions result also in a change in the alignment of the polar axis, 

changing from the <100> in the tetragonal phase, <110> for the orthorhombic and <111> in the rhombohedric 

phase. 

The strain state in perovskite oxide thin films can cause drastic changes in their properties. Ferroelectricity, 

in particular, is highly sensitive to external stress. Bulk ferroelectric properties can be enhanced in BTO thin-

films using strain engineering. Biaxial compressive strain increases transition temperature nearly 500º C, and 

gives rise to values of the remanent polarization which are at least 250 % higher than those of bulk BTO [21]. 

The in-plane compression enhances tetragonality and favors spontaneous polarization along the c-axis, which 

reduces the ferroelectric critical thickness and allows implementing BTO as an active tunnel barrier. Theoretical 

calculations predicted the critical thickness to be in the range between 12 to 1 nm [22-27], but  Gruverman et al. 

have evidenced the presence of ferroelectricity in BTO ultrathin-films grown on SuRO3//SrTiO3 with PFM 

experiments, reaching a critical thickness limit of 2.4 nm [12]. Also, V. Garcia et al. measured values of the 

critical thickness down to 1.2 nm [8]. 

When O vacancies are introduced in BTO, i.e, when the material is doped with electrons, ferroelectricity 

should be quenched because itinerant electrons screen the long range Coulomb interactions. However, these 

electrons partially stabilize ferroelectricity due to the screening of the strong crystal perturbation caused by the 

oxygen vacancies [28]. Actually, ferroelectric displacements have been observed in oxygen-reduced conducting 

BTO [28,29], and first-principles calculations have shown that the ferroelectric instability in BTO requires only 

a short-range portion of the Coulomb interactions of the order of the lattice constant, below a critical doping 

concentration nc=0.11 e-/u.c. [30]. Doping BTO with electrons below this critical concentration may enhance its 

range of functionalities, opening opportunities for using doped ferroelectrics in novel electronic devices.  

 

As ferromagnetic electrodes we use La0.7Sr0.3MnO3 (LSMO), which has been demonstrated to be 

ferromagnetic and has almost a 100% spin polarization (see chapter 3 for details). 

 

4. Experimental results: growth and STEM-EELS characterization 

 

A series of LSMO/BTO/LSCuO and LSMO/BTO/LSCuO/LSMO heterostructures were grown on (100) 

oriented SrTiO3 substrates at 900ºC using high O2 pressure RF sputtering system. After growth, an in-situ 

annealing was carried out in 900 mbar O2 pressure at 700ºC [31]. XRR and XRD patterns have been measured 

with a Philips X´pert MRD diffractometer using a Cu tube as X-ray source (λx=1.541 Å). 

 

Thin films of LSCuO were grown on STO(100) substrates using a nominal La1.84Sr0.16CuO3 (LSCuO) target 

in order to determine structural and transport properties. These films exhibit a tetragonal phase (P4/mbm) 

La1.54Sr0.46CuO5-like structure, which presents one vacancy every two unit cells.  
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Figure 1. (a) Low magnification HAADF image of a 25 nm thin film of LSCuO on STO(100). (b) High resolution HAADF image of the 

same thin film. Inset: FFT of the thin films showing the superstructure (c) XRD diffraction pattern of the thin film. The cyan arrows 

indicate the substrate peaks and the blue one indicates the double perovskite peak of the LSCuO thin film. 

 

Figure 1 displays a 25 nm LSCuO thin film grown on STO(100). The film grows flat and epitaxial over 

long lateral distances. Figure 1b shows an atomic resolution Z-contrast image. The interface is coherent and the 

crystal quality is high. A clear ripple in the crystal structure of the film is visible, which is characteristic of the 

features mentioned above. Figure 1c exhibits an XRD pattern that shows a peak at 35º, which corresponds to the 

doubling of the unit cell resulting from the oxygen deficient phase. This phase implies a reduction in the oxygen 

content in a 20% respect to the nominal composition of the LSCuO target. 

The resistance of the thin films has been measured using the Van der Pauw. Four electrical contacts were 

made on the surface of the sample by evaporating a thin silver layer. In order to study the dependence of the 

transport properties on the oxygen vacancies content, two twin samples where measured under different 

conditions. 

 

 

Figure 2. a) Resistance vs. temperature of several thin films of LSCuO grown on STO(100) measured with the Van der Pauw 

configuration. b) Resistance vs. temperature of two twin samples 28 nm thick. The sample giving rise to the red curve has been annealed 

in vacuum at 550ºC for three hours in order to deoxygenate the film. 
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Figure 2 displays resistance vs. temperature measurements for several thin films. Figure 2a shows the 

resistance vs. temperature for a number of thicknesses, being all samples metallic down to the 10 nm thickness 

range, where films become insulating. In order to study the dependence of the transport properties on the oxygen 

content, two twin films (grown simultaneously) where measured under different conditions. One of them was 

annealed during three hours at 550ºC in a vacuum chamber, while the other was not. Figure 2b shows the 

resistance vs. temperature characteristics of both samples. The film annealed in vacuum exhibits a significantly 

higher resistance for the whole temperature range and becomes insulating below 100K. This finding suggests 

that our material is a hole doped semiconductor [15], and the electron doping induced by the creation of oxygen 

vacancies suppresses the hole conductivity. 

 

 

Figure 3. (a) XRR pattern of two LSMO25nm/ BTO4nm/ LSCuO2nm/ LSMO10nm heterostructures grown in the same conditions but different 

positions in the chamber. Small peaks indicating the total thickness are present, although the signal dies upon 4º. (b) XRD patterns of the 

same samples. Blue arrows indicate the STO(001) substrate peaks, red and green indicate the peaks of the LSMO and BTO respectively. 

 

The structural characterization of MFTJ samples, including an ultrathin LSCuO layer, are shown in Figure 

3. Figure 3a shows the x-ray reflectivity of a LSMO25nm/ BTO4nm/ LSCuO2nm/ LSMO10nm heterostructure. The 

finite size fringes allow determining the total thickness of the sample. They only reach the 2θ=5º range, 

suggesting a small degree of surface roughness. X-ray diffraction patterns in Figure 3c show the texture and 

epitaxy of the films. The peaks of the STO(100) substrate are indicated by the blue arrows, while the peaks 

which correspond to the c-axis of the LSMO and BTO films are indicated by red and green arrows, respectively. 

The XRD diffraction pattern allows extracting the c parameter average value for LSMO and BTO. The bulk STO 

lattice parameter is 3.905 Å, while the LSMO lattice parameter is a=3.876 Å. The BTO lattice parameters in 

bulk are a=3.992 Å and c=4.036 Å. These values would in principle suggest a compressive in-plane strain for 

BTO films grown on STO. On the other hand, the in-plane strain state would be expected to be expansive for 

LSMO. The green peak in the XRD pattern of Figure 3b shows an enlarged out-of-plane parameter for BTO of 

c=4.08 Å, while for the LSMO the red peak shows a compressed out-of-plane parameter of c=3.83 Å.  

 

In order to study the properties of the interfaces of our system, STEM-EELS techniques have been used. 

Aberration-corrected STEM Z-contrast images were obtained using a Nion UltraSTEM200 equipped with a 5th-

order corrector and a Gatan Enfinium electron energy-loss spectrometer (EELS) operated at 200 kV at Oak Ridge 

National Laboratory on cross section samples prepared by conventional mechanical grinding and polishing and 

Ar ion milling as described in chapter 2 [29]. The probe forming aperture was approximately 30 mrad and the 

EELS collection semi-angle was 33 mrad. Random noise in the EEL spectrum images was removed using 

principal-component analysis [32].  
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Figure 4. EELS line-scan along with Ba, Cu, La, Mn and Ti signals of a LSMO12nm/ BTO6nm/ LSCuO2nm/ LSMO15nm heterostructure (a) 

HAADF atomic resolution image showing the area of the scan (yellow line). (b) EELS data, showing the integrated, normalized signals 

below the Ti L2,3, Mn L2,3, La M4,5, Cu L2,3  and Ba M4,5 edges acquired with a beam current of 13 pA and an exposure time of 1s per 

pixel. 

 

Figure 4 shows an EELS line-scan of a LSMO12nm/ BTO6nm/ LSCuO2nm/ LSMO15nm heterostructure. The 

relative offsets between different signals allow determining the interface atomic plane stacking sequence. We 

find that the BTO interfaces are symmetric, being both the bottom LSMO/BTO and the top BTO/LSCuO 

interfaces LaO/TiO2 terminated. The upper LSCuO/LSMO interface sequence has not been determined due the 

poor signal measured from the high energy lying Sr L2,3 edge.  

 

 

Figure 5. (a) Simultaneous Z-contrast signal (left) and chemical maps obtained from an EEL spectrum image of a magnetic tunnel 

junction of LSMO12nm/ BTO6nm/ LSCuO2nm/ LSMO15nm  grown on STO(100). (b) Normalized integrated O K signal. Dashed lines mark 

the interfaces of the cuprate layer. (c) HAADF image of the heterostructure. 

 

Figure 5 displays a set of compositional maps derived from an electron energy-loss spectrum image of a 

LSMO12nm/ BTO6nm/ LSCuO2nm/ LSMO15nm heterostructure grown on STO(100). Figure 5a shows the 

simultaneous annular dark field image (left end) across the heterostructure along with the chemical maps for La 

M4,5 (red), Ti L2,3 (yellow), Mn L2,3 (blue), Cu L2,3 (magenta), Ba M4,5 (green) and O K (cyan) edges. The junctions 

exhibits abrupt interfaces, and the termination planes, again, between LSMO and BTO and between BTO and 

LSCuO are LaO/TiO2 and TiO2/LaO, respectively. In Figure 5b, the averaged normalized intensity of the O K 

edge is presented. The grey dashed lines depict the cuprate interfaces. A sharp dip (near 20%) is observed in the 

O K normalized intensity, suggesting that the LSCuO layer stores a very large amount of oxygen vacancies. 
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Figure 5c shows a HAADF image of the same sample and a low magnification HAADF image (top). The film 

is epitaxial and interfaces are coherent. In order to disregard artifacts, the O K edge signal obtained after the 

background subtraction has been normalized by the incoming beam intensity, I0. The value of I0 has been 

estimated by integrating a wide background window before the edge onset, in order to avoid the effect of 

Rutherford scattering at higher angles in LSCuO. No signs of major defects, changes in the crystallinity or 

secondary phases are detected. 

 

5. Transport measurements in LSMO/ BTO/ LSCuO/ LSMO 

MFTJ’s 

 

 To define the MFTJ’s the same optical lithography of patterning have been used as in chapter 3. 

Perpendicular transport has been measured in rectangle shaped pillars of 9x18 µm2 and 5x10 µm2. Magnetic 

fields were applied along the easy axis of the LSMO ([110] direction) were swept between -4000 and 4000 Oe.  

 

 

Figure 6. (a) Read resistance versus writing voltage for a MFTJ of 5x10µm2 at 60 K and a read voltage of -250 mV. Two different cycles 

are shown. (b) IV curves for both cycles. (c) Schematic of the proposed polarization state along with position of oxygen vacancies in the 

heterostructure. The direction of polarization is indicated with red arrows while the O vacancies are indicated with black filled circles.  

 

Figure 6 displays two different resistance switches at 60K for a 5x10 µm2 junction of LSMO10nm/ BTO4nm/ 

LSCuO2nm/ LSMO10nm. Figure 6a shows the resistance reading with a voltage of -250 mV vs. the writing voltage. 

The tunnel electroresistance (TER) for both cases is of 104 %. Such enhancement results from the introduction 

of the LSCuO ultrathin layer in between the BTO barrier and the top LSMO electrode. The blue polarization 

cycle goes from -3 V to 2V, while the red one reaches values of 3V. We will refer to the initial state as level 1 

for both cycles (see schematic in Figure 6c for clarity). The electronic asymmetry does not result from the 

different screening lengths at both sides of the interface, as recently discussed by Zhulaev et al [33] . Instead, it 

is triggered by the generation and accumulation of oxygen vacancies either towards the botttom or the top BTO 

interface. Under strong electric fields pointing downwards, oxygen vacancies leak from the cuprate into the BTO. 

This behavior can be tracked by a strong decrease of the device resistance, which results from the effective 

reduction of the width of the tunneling barrier (which does not include the LSCuO layer). Level 1 of Figure 6a 
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corresponds to polarization pointing downwards and oxygen vacancies accumulating near the bottom BTO 

interface. As the electric field is increased, polarization eventually switches and a change in the resistance state 

is detected as an abrupt increase to state 2 at 0.8 V (for both red and blue cycles). Therefore, electroresistance 

results from the modulation of the effective barrier height by the ferroelectric polarization. When oxygen 

vacancies are accumulated near the bottom interface a Schottky barrier appears there. Polarization pointing down 

yields a reduction of the effective barrier height, and hence a resistance reduction, while polarization up leads to 

the opposite effect. If after reaching state 2 (polarization up, vacancies down) the electric field is further increased 

(see single red cycle) oxygen vacancies will eventually switch to the top interface (near 2.8 V), as shown in the 

schematic of Figure 6c as level 3. A reduction of resistance is observed now because polarization points towards 

the Schottky contact, which is now transferred to the top interface. This state, despite its lower resistance, is less 

favorable energetically (polarization pointing to the interface). If the electric field is now reversed, oxygen 

vacancies switch back to the bottom interface where they seem to accumulate preferentially, and we return to a 

state 4 (blue cycle) with oxygen vacancies down and polarization up, identical to state 2. By further reducing the 

electric field, the polarization will eventually switch to point downwards again. Figure 6b displays the IV curves 

measured simultaneously, where a clear change in the conduction process can be seen.  

 

 

Figure 7. (a) Read resistance vs. writing voltage for a MFTJ of 5x10µm2 with the LSCuO thin film between the LSMO bottom electrode 

and the BTO barrier. The growth sequence is the following: LSMO25nm/ LSCuO2nm /BTO4,4nm/LSMO10nm at 60 K and a read voltage of -

800 mV. The initial voltage was -3 V, and the cycle is indicated by the arrows. (b) IV curves for the entire cycles.  

 

In Figure 7 we show the measurements obtained on a structure where the LSCuO barrier is below the BTO 

layer, i.e, the stacking is ordered as follows: STO(100) substrate/ LSMO25nm/ LSCuO2nm/ BTO4.4nm/ LSMO10nm. 

Notice that in this geometry electric fields pointing down will not transfer any oxygen vacancies into the BTO 

layer. As described above, the accumulation of vacancies within the cuprate layer yields a large resistance due 

to hole compensation. This behavior results in an effective increase of the width of the tunneling barrier. On the 

other hand, polarization charges at the cuprate interface must now be screened by the compensating charges in 

a p-side space charge region, which develops in the ultrathin cuprate layer. Notice that now space charges are 

negative due to the p-type character of the cuprate in contact with the LSMO (which acts as the n-side).  

When polarization points towards the LSCuO (down), positive polarization charges have to be compensated 

by negative space charge. This occurs by increasing the width of the space charge region, resulting in an increased 

effective barrier height and thus in a high resistance state. When the electric field is increased, and the polarization 

switches to point upwards, the polarization charges to be compensated at the cuprate contact are negative. This 

is now accomplished by a reduction of the width of the space charge region, that yields a reduction in barrier 

height and thus in a low resistance level. Notice finally that now the energetically favorable polarization 
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orientation is pointing towards the interface because it is compensated by a forward current flow (holes from the 

cuprate into the manganite). 

 

Finally, the resistance level is several orders of magnitude higher than in the previous sample due to the 

increased resistance resulting from the accumulation of oxygen vacancies in the cuprate layer (the applied voltage 

for reading the resistance state is of 0.8 V). The application of electric fields pointing upwards activates transfer 

of oxygen vacancies from the cuprate (which lowers its resistance) into the BTO (which lowers the resistance 

further due to electron doping) and the resistance level is reduced by 5 or 6 orders of magnitude as shown in 

Figure 6a. 

 

 

Figure 8. (a) Resistance vs. Magnetic field of a 5x5 µm2 MFTJ of LSMO25nm/ BTO4.4nm/ LSCuO2nm/ LSMO10nm. Data taken at 40 K while 

applying a voltage of -500 mV. Red values correspond to the resistance for ferroelectric polarization pointing towards the LSCuO layer 

(up) and black values for polarization pointing towards the bottom LSMO electrode (down). (b) TMR vs. bias at 20 K for polarization 

up, calculated from RH curves. Points are connected using straight lines for clarity. (c) Resistance vs. magnetic field of the same junction 

for several temperatures and an applied voltage of -250mV. (d) Resistance vs. magnetic field of the same junction for several temperatures 

and an applied voltage of 200 mV for polarization down. 

 

Figure 8 shows the resistance vs. magnetic field cycles of a MFTJ sized 5x10 µm2. In Figure 8a two curves 

are displayed. Black (red) corresponds to polarization down (up) in a LSMO/BTO/LSCuO/LSMO junction. 

Interestingly, we have observed an inversion of the sign of the tunneling magnetoresistance for up polarization. 

Both curves are measured at 40 K and –0,5 V. Coercive fields are Hc1 = 80 Oe and Hc2 = 480 Oe in both cases 

and correspond to the bottom and the top electrode, respectively. The negative TMR is a highly anomalous 

feature in a symmetric tunnel junctions with highly spin polarized electrodes. Notice that the magnitude of the 

TMR is highly asymmetric with voltage and that it becomes very small when voltages are positive. This behavior 

has been previously described to originate at resonant transport through magnetic states at the interface which 

have a spin filtering effect. 
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An important detail to be discussed is the case of the coercive field Hc2 for polarization down (Figure 8a), 

where the change in the resistance state is not abrupt (as it can be seen for smaller coercive fields). This effect 

can be appreciated in Figures 8 c,d, where three resistance vs. magnetic field curves for different temperatures 

at 0.2 V are shown. We find a two-step change of the relative magnetization, with coercive fields of 80 Oe (as 

expected for the LSMO bottom electrode), 150 Oe (expected for the top LSMO electrode) and 480 Oe. Other 

possible scenario is in terms of interfacially induced changes of magnetic anisotropy along with their effect on 

the tunneling probability through the tunneling anisotropy magnetoresistance phenomenon. I.e., by forcing the 

oxygen vacancies to pile up either against the top or the bottom interface in the BTO one may trigger a significant 

electron doping at the other side of the interface due to oxygen vacancy transfer. This charge transfer may affect 

the magnetism of the cuprate/manganite at the interface and eventually also its magnetic anisotropy.  

 

Figure 9. Magnetic hysteresis loops at the Mn-L3 edge by X-ray magnetic scattering on a LSMO10nm/ BTO4nm/ LSCuO2nm/ LSMO3nm 

sample. The magnetic field was applied along the (100) axis. 

  

Indeed, preliminary results obtained at BESSY by using the ALICE chamber point in this direction. Figure 

9 displays several hysteresis loops measured by means of X-ray magnetic scattering (XRMS) at the Mn L3-edge 

for a LSMO10nm/ BTO4nm/ LSCuO2nm/ LSMO3nm sample. Dashed lines indicate point the steps in the hysteresis 

loops. At least four different coercive fields can be seen at 20 K, which we interpret as an indication for the 

nucleation of different magnetic states at the LSMO interfaces when compared to those of the bulk of the LSMO 

layers. Further work will be necessary to assess the effect of polarization switching on these magnetic states.  
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6. Conclusions 

 

We have fabricated a number of high quality La0.7Sr0.3MnO3 /BaTiO3 /La0.86Sr0.14CuO3 /La0.7Sr0.3MnO3 

multiferroic tunnel junctions using a high O2 pressure RF sputtering system. The STEM-EELS results show that 

the heterostructures are flat over long lateral distances and the ultrathin LSCuO layer also grows laterally 

continuous. The introduction of the LSCuO barrier results in a large enhancement of the TER effect by four 

orders of magnitude compared to symmetric LSMO/BTO/LSMO junctions. This enhancement is also 

accompanied by a change in the sign of TMR, which we interpret as a spin filter effect for the up polarization 

state of the barrier. This result is especially surprising for electrodes with positive spin polarization. The presence 

of a relatively high concentration of O vacancies contributes to the complexity of the physical properties 

measured. Indeed, the EELS data show a dip of the oxygen K edge overall intensity in the LSCuO layer, pointing 

to a large reduction of the local O content. Oxygen vacancies in the structure can explain the various resistance 

states found in the junctions. In addition, it has been observed that the conduction process is vacancy-mediated. 

In summary, we show that the mechanisms of ferroelectric polarization and oxygen vacancy migration through 

the barrier are coupled, and this result should be taken into account in the design of novel devices based on 

complex oxides. 
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Chapter 5: Interfacially enhanced conductivity 

in YSZ thin films. 
 

The search of novel materials with enhanced ionic conductivity for their application in energy devices 

constitutes an exciting direction in the expanding field of oxide interfaces [1]. In particular, exploiting size effects 

in ion conducting materials by the controlled reduction of ion conducting sample dimensions down to the 

nanoscale holds the promise to yield large improvements in the performance of oxides based devices for energy 

generation and storage [1-3]. Enhancements of oxide-ion conductivity at interfaces could be relevant towards 

lowering the operation temperature of solid oxide fuel cells (SOFC) (usually 800-1000ºC), which imposes 

serious restrictions on materials selection due to thermal stress or fatige [1]. In recent years, a number of works 

have reported enhanced ion conductivities at strained or textured epitaxial heterostructures involving yttria-

stabilized zirconia, ZrO2:Y2O3 (YSZ), and a non-conducting insulator [4-14] when the thickness of the ion 

conducting layer is reduced to the 10–20 nm range. Furthermore, Garcia-Barriocanal et al. [10] have reported a 

colossal conductivity enhancement in multilayers combining SrTiO3 (STO) and highly strained ultrathin YSZ 

layers with thicknesses of the order of a unit cell level (< 1 nm). The result was discussed in terms of an interface 

oxygen disordered plane resulting from the matching of perovskite and fluorite structures combined with the 

huge 7% epitaxial strain imposed by the STO [10, 15]. Other routes to improve oxygen diffusivities may rely on 

the growth of single-domain oxide interfaces with crystal symmetry discontinuity, i.e., the combination of 

dissimilar symmetries at the interfacial planes, which imply exploiting different substrate orientations (hence, 

different degrees of strain). An example can be found in the work of M. Scigaj et al. [16]. They showed that YSZ 

can grow epitaxially on STO (110) in a layer-by-layer mode, with RHEED oscillations up to thickness values 

above 15 nm, thus demonstrating that high quality single-domain YSZ(001)/STO(110) oxide interfaces with 

symmetry discontinuity can be achieved. These results pave new avenues towards exploiting the effects of 

symmetry discontinuity in the search of enhanced ionic conductivities. However, several questions remain open 

such as deconvolving the effects of actual strains or substrate or electronic contributions to the conductivity. 

 

In this work we will focus on fluorite/perovskite interfaces with negligible amounts of epitaxial mismatch 

(in the <1% range) in order to study the interfacial contribution to the conductivity in the absence of large 

amounts of mismatch strain. Thin films (2 to 87 nm thick) of ZrO2:Y2O3 (YSZ) with (111) crystalline orientation 

have been epitaxially grown on top of insulating YAlO3 substrates (101). As we will show, this system remains 

epitaxial with no signs of strain relaxation up to a layer thickness of 80 nm.  We have found a large conductivity 

enhancement in these virtually unstrained epitaxial YSZ ultrathin films. Interestingly, the dc conductivity of the 

thin films shows an increase of up to five orders of magnitude at 333K with respect to the bulk material, together 

with a decrease in the activation energy down to the 0.7 eV range. These findings will be discussed in terms of 

enhanced carrier density and mobility. In particular, the effects of the structural mismatch of the oxygen 

sublattices of both structures, associated with their dissimilarity, will be discussed as likely sources of the 

enhanced conductivity values measured. 
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1. YSZ thin films 

 

YSZ is an ionic conductor of oxygen ions with a fluorite-like structure. O vacancies are introduced by the 

aliovalent substitution of Zr by Y, since the substitution of Zr 4+ by Y 3+ needs of the introduction of one oxygen 

vacancy every two Y atoms for charge neutrality to be preserved. Y doping results in the stabilization at room 

temperature of a fluorite cubic structure, as shown in Figure 1, in where O atoms occupy the tetrahedral positions 

of the cubic unit cell.  

 

 

 

 

Figure 1. Unit cell of YSZ. Figure adapted from reference [10]. 

 

For the present experiment, a series of thin films (with thicknesses ranging from 2 to 87 nm) of YSZ with (111) 

crystalline orientation were epitaxially grown on top of YAlO3 (YAP) (110) substrates by high pure oxygen 

pressure RF sputtering technique at 900 °C. In-situ annealings followed in 900 mbar O2 pressure at 700 °C. The 

crystalline structure of YAlO3 (YAP) is orthorhombic with lattice parameters a=5.179 Å, b=5.326 Å, c=7.369 Å 

[17]. On the other hand, in YSZ the fluorite lattice parameter is a=5.14 Å. Despite the difference between the 

lattice parameters of both materials, the distances between nearest neighbor cations are quite similar: 

pseudocubic lattice parameters of YAP are a'=3.66 Å, b'=3.76 Å and c'=3.68 Å, while the lattice parameter of 

the FCC YSZ Zr sublattice is d = 3.63 Å. These parameters allow good epitaxial growth. Figure 2a displays a 

set of X-ray diffraction spectra of the YSZ thin films grown on YAP (110) substrates with thicknesses from 2 to 

87 nm. All of them show a main peak at 34.26° corresponding to the YAP (110) substrate orientation, while the 

30° peak corresponds to the YSZ (111) oriented film. The large number of finite size satellites around the 

YSZ(111) peaks in the diffraction spectra of Figure 2a indicate the high quality and smoothness of the films. 

Figure 2b shows the reflectivity spectra of the same set of samples. These values are close to the bulk ones, 

pointing to a limited amount of strain in the films. A low substrate interface roughness is also evidenced by the 

large number of thickness fringes. The AFM image of the 2 nm thick YSZ film shown in Figure 2c displays one 

unit cell high substrate terraces over micron size areas, indicating a two dimensional growth mode. 
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Figure 2. (a) X-ray diffraction patterns of several YSZ(111) thin films showing the epitaxial growth on YAP(110) substrates. (b) X-ray 

reflectivity of the same samples shown in (a). (c) AFM topography image of an ultrathin film 2 nm thick, exhibiting very smooth surfaces. 

 

2. Impedance spectroscopy on thin films 

 

2.1. Measurements in N2 atmosphere 

 

The electrical response of the samples has been analyzed by dielectric spectroscopy. Two contacts in planar 

geometry of 5 x 2,4mm2 separated a distance of 0.1 mmwere fabricated by evaporating Ag on the film surface. 

Measurements were conducted while cooling down after heating the sample above 280 °C. 

 
Figure 3. (a) Conductance vs. frequency of a 11nm YSZ thin film measured for several temperatures, in logarithmic scale. (b) Capacitance 

vs. frequency of the same sample measured for the same several temperatures, in logarithmic scale.   

 

  Figures 3a and 3b display the conductance and capacitance measurements of an 11 nm thick YSZ thin film 

for several temperatures. Both graphs show the presence of two different plateaus, which may reveal the presence 

of two different types of carriers involved in the conduction process. The dc conductance values were obtained 

from the low frequency plateaus for the Arrhenius plots. The conductivity decrease observed at low frequencies 

and high temperatures, along with the strong increase of the capacitance at low frequencies, suggest the 

possibility of an ionic contribution to the total conductance. On the other hand, the existence of a well defined 

conductance plateau down to the lowest frequencies is an indication of an electronic contribution to the total 

conductance. 
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Figure 4. (a) Temperature dependence of the conductance for different YSZ thin films (filled circles), a YAP single crystal (empty 

squares), YSZ bulk (stars), a tri-layer made of amorphous YAP/polycrystalline YSZ/amorphous YAP (blue triangles) and a 

(YSZ2nm/YAP10nm)x6 multilayer (orange triangles). (b) Temperature dependence of conductivity for the same samples. The Arrhenius 

plots correspond to YSZ thin films. 

 

Figure 4a shows the temperature dependence of the dc conductance of a series of YSZ single layers of 

different thicknesses. A sharp enhancement is observed when thickness is increased above two unit cells, 

reaching a maximum value for 4 nm. From that thickness on, the conductance decreases slightly and then 

saturates above 20 nm. Notice that the conductance of the YSZ thin films is two to three orders of magnitude 

higher than that of the bare YAP substrates, which are highly insulating. The temperature dependence of the 

conductivity (obtained from the conductance measurements) is presented in Figure 4b for the YSZ layers. An 

enhancement of up to 5 orders of magnitude is observed near room temperature (333K) when compared to bulk 

single crystals (also shown in the figure). This conductivity enhancement is associated with both a decrease in 

the activation energy, from 1 eV in the YSZ single crystal to 0.7 ± 0.02 eV in the films, and to an increase of the 

pre-exponential factor of about one order of magnitude for the samples with the largest conductivity 

enhancement. This finding reflects an improved mobility landscape at the interface and possibly an increase of 

the carrier density. The high temperature extrapolation of the conductivity is a rough upper limit of the carrier 

density due to the effect of disorder and ion-ion correlations, which affect the low temperature conductivity. 

 

2.2. Measurements in oxygen atmosphere 

 

As the conductance measurements in a N2 atmosphere indicate the possible presence of two kinds of carriers, 

another set of measurements have been carried out in a dry air atmosphere. For a purely ionic conductivity, the 

conductance should essentially be independent of the atmosphere oxygen partial pressure. However, as we show 

next, in our samples the atmosphere oxygen content strongly affects the conductance values. In Figure 5, three 

Arrhenius plots of a 4 nm thick YSZ film are presented.    
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Figure 5. Arrhenius plot of a 4 nm YSZ thin film measured in different conditions. Blue dots stand for measurements carried out in a N2 

atmosphere, red dots correspond to air atmosphere while the green data were obtained in N2 again after all measurements. The lines 

correspond to linear fits of the experimental results. 

 

First, measurements have been obtained in a N2 atmosphere (blue circles). Then, another set of measurements 

was carried out under a dry air atmosphere (red circles). Last, in order to evaluate irreversible sample degradation 

(if any), a measurement under a N2 atmosphere was performed again (green circles). The green and blue curves 

show essentially the same activation energy (as can be seen from the slope of the fits), disregarding any 

irreversibility effects. On the other hand, the red dataset exhibits a quite different behavior. This finding suggests 

that a redox reaction dependent on the atmosphere may take place at the surface of the samples and influences 

strongly the conduction process. This result, in addition to the measurements mentioned in Figures 4a and 4b, 

indicates the presence of carriers of electronic character. However, their nature (whether they are of p or n 

character) remains still unclear. Further work including a study under a controlled partial pressure of oxygen 

should be done in order to clarify this issue, but here we set off to analyze the enhancement of the conductivity 

itself. This enhancement appears to take place within the first four nm of the films. Hence, in what follows we 

will focus on understanding if it is in any way related to any interfacial features using techniques that can probe 

the structure with atomic resolution. 
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3. Interfacial strain characterization by X-ray diffraction and STEM-

EELS 

 

3.1. Reciprocal space maps (RSM) 

To visualize the interface structure, we have studied our YSZ thin films grown on (110) YAP substrates 

by means of X-ray diffraction using grazing incidence. Synchrotron reciprocal space maps (RSM) and reciprocal 

space and azimuthal scan with X-rays of =0.62 Å have been carried out at the beamline BM25B of the European 

Synchrotron Radiation Facility. 

 

Figure 6. (a) In-plane RSM of the YSZ thin film obtained for L=0.88. Note that the highlighted red dashed circles are the tails of the 

maxima corresponding to the substrate. (b) Azimuthal scan of the in plane YSZ thin films, where the hexagonal symmetry is revealed. 

(c) Representation of the reciprocal space lattice of the YSZ thin film (black open dots) and the YAP substrate (red solid dots) obtained 

from RSM and azimuthal scans. (d) Representation of the real space unit cell of both the YSZ thin film and the YAP substrate using the 

same color code than in (a). 

 

Figure 6 shows the HK RSM measured at L=0.88, which corresponds to the RS of the YSZ (note that HKL 

corresponds to the RS units of the YAP substrate calculated after the refinement of the single crystal). Two broad 

maxima corresponding to the YSZ thin film, with an evident hexagonal symmetry, can be observed along with 

sharper but less intense maxima associated with the YAP substrate (highlighted with red dashed circles in Figure 

6a). We have further probed the hexagonal symmetry of the YSZ thin film by measuring an azimuthal scan of 

the YSZ crystal that can be observed in Figure 6b. The in-plane hexagonal symmetry of the YSZ lattice is 

revealed with the appearance of peaks rotated 60 degrees when the sample is scanned in the surface plane. 

Interestingly, the RSM of the YSZ also reveals the good match of the YAP and YSZ lattices in the H direction. 

However, along the K axis we observe a misfit between the maxima of the substrate and the thin film. Hence, 

the epitaxy results from the matching of the (111) YSZ and (110) YAP planes with triangular symmetry: the 

YSZ (111) plane is hexagonal, with a lattice parameter of 3.63 Å while the YAP (110) distorted square plane 

has 3.68 Å and 5.31 Å in-plane lattice parameters (corresponding to c’ and a√2) axes in the pseudocubic 

notation). Both planes are superimposed in Figures 6c and 6d, where a suggested matching is presented. Zr atoms 
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are shown as black open dots, while Y and Al atoms are presented in red. Along the a direction, Zr atoms match 

the vertical Al or Y positions with a minimum distortion for the center column of atoms. However, the large 

mismatch of 16 % in the perpendicular direction hinders an atom-on-atom coincidence of both lattices. Still, 

some commensurability can be found in the system in the form of a matching of the atomic columns every five 

YSZ unit cells, giving rise to a form of linear-domain matching epitaxy.  

 

3.2.  STEM-EELS  

 

In order to further investigate the origin of the enhanced conductivity observed in our experiment, we have 

carried out a number of atomic resolution STEM-EELS studies in our samples. The conductivity enhancement 

observed in Figure 4 might be ascribed to the structural incompatibility of the oxygen sublattices (oxygen 

occupies tetrahedral positions in the fluorite versus octahedral positions in the perovskite). This mismatch can 

result in a varying oxygen content along the interface which may affect both carrier density and mobility. In 

order to gain more insights into the interface structural features, a study of the strain along the growth direction 

along with an analysis of the O K edge EELS fine structure have been performed. 

 

 

Figure 7.  Z-contrast STEM image of a 50 nm thick YSZ thin film. The yellow arrows show the orientation of the substrate. (top) Low 

magnification image of the thin film.  

 

Aberration corrected STEM images of cross-sectional samples confirm the high structural quality of the 

layers and the sharpness of the interfaces. Figure 7 displays both low and high magnification high-angle annular 

dark field (HAADF) images of the 50 nm thick YSZ thin film on YAP (110). Low magnification images (top) 

show that the film is flat over long lateral distances (over several hundreds of nanometers), in good agreement 

with XRD. Good epitaxy is observed up to large thickness values without major signs of strain relaxation or 

island growth, which again highlights the reduced effects of epitaxial strain. 
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Figure 8. (a) Z-contrast STEM images of a 50 nm YSZ thin film. The HAADF image inset on the left shows the region where a line scan 

has been taken, indicated by the yellow line. (b) O K edge spectra (normalized and displaced vertically for clarity) extracted from the line 

scan measured while raster scanning the beam across the interface plane (ten adjacent spectra have been averaged to produce each one of 

these curves). The three violet curves at the bottom correspond to the YAP substrate, while the spectra from blue to yellow correspond 

to the interface and first planes of YSZ. The spectra at the top, from orange to red, correspond to the bulk-like region of the YSZ film, 

away from the interface. (c) Standard deviation of the absolute value of the residual signal obtained after carrying out a MLLS fit of the 

EELS linescan using the bottom and top spectra in (b) as references. The inset shows the residual signal of the MLLS fit for the fit region. 

 

Figure 8a displays a pair of HAADF images of the 50 nm YSZ thin film on YAP (101). Figure 8b shows a 

set of EELS O K edges measured while scanning the beam across the interface, extracted from a line scan 

(averaged, normalized and displaced vertically, for clarity). The line scan was acquired using an energy 

dispersion of 0.25 eV/channel and an exposure time of 0.5 s/pixel, with a beam current of tens of pA. Random 

noise was reduced using principal component analysis (PCA, see Chapter 2). The violet-purple colored spectra 

at the bottom correspond to the substrate, while the blue spectra come from the interface area.  Data from the 

cyan to the yellow curves correspond to the first 5 nm of the YSZ thin film. In this region, a clearly different 

fine structure of the O K edge is observed. The red signals at the top end correspond to the top of the YSZ film, 

and their fine structure appears more bulk-like than the former spectra from the first 4 nm of the film. In order 

to deconvolve the different signals involved (substrate, film, interface), we have employed the multiple linear 

least square fit (MLLS) routine available in Digital Micrograph (see Chapter 2). First, we have extracted 

representative spectra from the substrate (purple curve at the bottom of Figure 8(b)) and the film (brown spectrum 

at the top). Then, the whole data set has been fitted to a combination of those two. The residual of the fit is 

plotted in the inset of Figure 8(c). If the interfacial O K edge spectra were a mere superposition of pure substrate-

like and film contributions (e.g. due to beam broadening), the residual signal of the fit should be uniform across 

the whole area (mostly resulting from random noise). Quite on the contrary, we observe a significant signal in 

the residual around the interface area. In fact, a high contrast of white and black fringes is seen near the interface 

typical of statistically significant deviations (i.e., not random noise). In order to quantify this effect as a function 

of the distance to the interface, Figure 8(c) displays the standard deviation of the absolute value of the whole 

residual signal per spectrum as a function of the distance. The YSZ/YAP interface position has been highlighted 

with a dashed red line. It is quite obvious that there is an interfacial contribution (localized in a region within 4 

nm of the interface) which cannot be fitted to a superposition of pure bulk and substrate spectra. Instead, this 

contribution is associated with purely interfacial features, which we discuss next.  

 

Bulk YSZ O K edge spectra often show two peaks in the near edge structure, labeled p1 and p2 on Figure 

8(b), which change relative intensities and position depending on the ZrO2 crystal structures and the Y2O3 
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composition [18, 19]. Our data clearly show these fine structure features well within the film, in good agreement 

with the nominal composition of our samples. However, in the layer near the interface the p1 and p2 peaks get 

closer to each other in energy, almost merging right on the interface atomic plane (see Figure 9). These changes 

take place in a layer within 4 nm of the interface, which suggests the presence of changes in the coordination 

number or a change in the environment of the surrounding oxygen atoms. In fact, similar findings regarding the 

O K fine structure of ultrathin YSZ films have been reported by T. J.  Pennycook et al. in the highly strained 

STO/YSZ/STO system [20]. They were ascribed to heavy disorder within the O sublattice ensuing from a high 

degree of epitaxial strain (around 7% in that case). In our study the degree of mismatch strain is much lower, in 

the 1% range. In order to analyze strain derived effects on the structure, we will analyze next the features present 

in atomic resolution images of the YSZ/YAP interface. 

 

 

Figure 9. (a) HAADF image of a YSZ thin film. (b) O K edge signal of the YAP sustrates (blue), the YSZ interfacial signal (Green) and 

YSZ top signal (red). 

 

Figure 9a displays a HAADF image of reference to study the strain of the sample using the “Peak Pais 

Analysis” (PPA) suite for Digital Micrograph (see Chapter 2). The directions (101) and (010) have been chosen 

as reference base vectors for our strain maps. In Figure 9b, the three main contributions to the O K edge that we 

have identified are presented. The signals correspond to the YAP substrate (blue), the YSZ interfacial signal 

(green) and the YSZ top signal (red). 

 

 

Figure 10. (a) Strain map of the thin film shown in the HAADF image in Figure 9, in the (001) direction (εyy). (b) Mean value (averaged 

laterally) of the map shown in (a) as a function of the distance to the interface. A region near the interface with a strain change close to 

3% is seen within 4-5 nm of the interface. 
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The strain component map in the growth direction from the PPA strain analysis (εyy) is shown in Figure 

10a. Colors from brown to white (positive values) indicate an expansion in the c (growth) direction respect to 

the reference, while colors ranging from brown to black (negative values) indicate a compression in the out-of-

plane lattice parameter. The substrate area remains black, since the reference has been taken in the film. The 

change from green (near the interface) to red into the thin film shown in Figure 10a indicates an important 

relaxation in the out-of-plane lattice parameter taking place abruptly for thicknesses about 5 nm. This behavior 

is summarized in Figure 10b, where the laterally averaged value of the εyy parameter is plotted. Horizontal red 

dashed lines indicate the interface YAP/YSZ and the imaginary line where the lattice parameter changes 

abruptly. An expansion of 3% in the out of plane lattice parameter is observed within an averaged distance of 

1.5 nm (5 atomic planes). This change is in good agreement with the results obtained from the O K edge analysis. 

It is worth noting that these structural changes are taking place in the same interfacial area where the EELS 

interfacial contribution is detected. The relevant changes in lattice constants observed are surely related to the O 

K ELNES variations measured here, since the EELS fine structure is strongly dependent on the nearest neighbor 

bonding and coordination. At this point, however, it remains unclear what the precise structural modifications 

are like. Comparisons to previous reports suggest a disorder in the O sublattice, which in strained YSZ results in 

a similar merging of the p1 and p2 peaks. Indeed, the perovskite and fluorite lattices exhibit a discontinuity at the 

interface plane that would promote such disorder. In such a case, these findings should be taken into account 

when pursuing future theoretical simulations of the interface O sublattice structure, and hence mobility, which 

would affect the interface ionic conductivity properties. 

 

Figure 11. Conductance measured at 493 K f thin films with thickness increasing between 2 and 11 nm. The orange transparent rectangle 

marks the region where the anomalous out-of-plane lattice contraction is observed. 

 

In fact, we can connect the structural features to changes in the conductivity. In Figure 11 the dc conductivity 

at 120ºC (traken from the Arrhenius plots of Figure) has been plotted versus the thickness of the samples. The 

interfacial conductance within very low thickness ranges is small but increases continuously until values of the 

order of 4 nm are reached (range highlighted with an orange rectangle). After this critical thickness value, reaches 

a saturation for larger thicknesses (>20 nm). Interestingly, this onset or critical thickness for the conductivity 

coincides with the values found by the STEM-EELS analyses (both strain and EELS fine structure). Hence, we 

can conclude that it is the first 4-5 nm of the sample that are responsible for the greatly enhanced conduction 

process.   
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4. Conclusions  

 

In this experiment, a series of high quality YSZ(111) thin films have been grown on YAP(101) substrates 

by RF sputtering. The samples grow epitaxially with no signs of major defects or secondary phases. The 

dielectric spectroscopy measurements show that the conductance of the samples increases with the thickness, 

reaching a maximum value around 4 nm. Beyond this value, the conductance decreases slightly to saturate near 

bulk values for larger thicknesses. We find that both ionic and electronic contributions to the conductivity may 

exist. Transport measurements in the frequency domain performed under a N2 atmosphere show a practical 

absence of blocking effects. Capacitance vs. frequency curves show two different plateaus, which suggests the 

presence of two types of carriers in the conduction process, both ionic and electronic. The comparison of the 

Arrhenius plots under different atmospheres reveals that the mobile carriers can be created or destroyed, which 

would also be incompatible with a purely ionic conduction mechanism. Our results indicate the electronic nature 

of one of the two kinds of carriers. However, the n or p type remains unclear and further experimental and 

theoretical work would be needed to analyze this issue. Nevertheless, in order to study the origin of these 

phenomena, we have studied the chemical and structural incompatibility of the system. Reciprocal space maps 

show that the samples accommodate epitaxial mismatch strain in a domain-like fashion, despite the dissimilar 

interfacial planes and the lattice mismatch. STEM-EELS experiments reveal a highly inhomogeneous strain 

release mechanism, through an interface-specific contribution to the O K edge signal clearly noticeable within 

the first 4-5 nm of YSZ. Some studies reported by McComb et al. [21] show similar changes in the O K edge by 

XANES and EXAFS, which they interpret in terms of changes in the coordination number of the oxygen atoms 

in the lattice or the Y2O3 concentration in ZrO2. Other studies of the O K edge in YSZ explain the enhanced 

mobility in the STO/YSZ/STO system in terms of oxygen disorder, although these results are accompanied by a 

high amount of strain in the system [22]. Although the studied system presents a little amount of strain, the PPA 

studies presented show an abrupt change in the lattice which correlates with the continuous change of the O K 

edge signal suggesting a similar effect. We can conclude that it is the structural changes, and possibly the doping 

distribution, within the first 4-5 nm by the interface that are responsible for the greatly enhanced conduction 

process in our thin YSZ films.  
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Summary 

 
The quest for novel functionalities in strongly correlated oxide systems has often been determined by 

reducing dimensionality and designing nanostructured systems that exploit new physical effects. Any physical 

phenomena occurring within nanometric length scales are often ruled by the properties of small active regions, 

such as interfaces, point or extended defects, etc. In the growth process of oxide based heterostructures, the 

oxygen content constitutes a degree of freedom that can strongly affect the physical properties. Thus, the study 

of interfacial effects driven by oxygen vacancies is of great interest in order to pursue new functionalities aimed 

at designing future devices. Under these premises, in this thesis we have grown and characterized a number of 

systems comprised of complex oxide heterostructures where the O stoichiometry is tuned to produce physical 

behaviors not present in bulk. The local atomic structure and chemical properties of our samples have been 

probed with one of the most powerful techniques available currently to explore materials in real space with 

atomic resolution: aberration corrected scanning transmission electron microscopy (STEM) combined with 

electron energy-loss spectroscopy (EELS). By means of spatially resolved analyses of slight fluctuations of the 

local crystalline structure, composition or electronic environment imposed by the presence of O point defects 

defects, we have been able to explain a number of physical effects in oxide interfaces of interest in hot fields 

such as spintronics or energy materials, establishing the link between the atomic local structure and the 

macroscopic world. 

 

Objectives and experimental results 

 

 First, we have grown and characterized high quality ferromagnetic/insulating La0.7Sr0.3MnO3/LaCoO3 

(LSMO/LCO) interfaces, with the general objective of fabricating novel multiferroic tunnel junctions with 

LaCoO3 as insulating ferromagnetic barrier. For this purpose, the La0.7Sr0.3CoO3 system with different Sr 

doping levels has been studied in depth in order to establish the sample quality and also obtain internal 

calibrations for our STEM-EELS studies (including characterization of the 3d metal oxidation states near 

the interfaces). We have explored the system conductance and magnetic properties to find that tunneling  

magnetoresistance (TMR) values were unusually low due to changes in the magnetic anisotropy of LSMO 

ferromagnetic electrodes. To understand this behavior we have synthetized and analyzed LCO/LSMO 

(LSMO/LCO) bilayers where LSMO (LCO) is grown on top of LCO (LSMO), to find that structural 

distortions arising in LaCoO3 buffer due to the presence of inhomogeneous densities of O vacancies layers 

supress of the strain-induced biaxial magnetic anisotropy of the top LSMO electrodes.  

 

 We have also fabricated a number of asymmetric LSMO /BaTiO3 /La0.86Sr0.14CuO3 /LSMO multiferroic 

tunnel junctions with a main purpose: breaking the symmetry of the ferromagnetic/ ferroelectric/ 

ferromagnetic LSMO /BaTiO3 / LSMO system by introducing an ultrathin film of an oxygen deficient 

La0.86Sr0.14CuO3 cuprate between the BaTiO3 barrier and the top LSMO electrode. We have found that the 

introduction of a high density of oxygen vacancies in the system contributes to the enhancement of the 

tunnel electroresistance by 104%. We have observed that the ferroelectric polarization state along with the 

location of oxygen vacancies control the size of the depletion region. We have also detected a significant 

electron doping at the other side of BaTiO3 interface due to oxygen vacancy transfer. We observe a change 
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of the sign of the TMR, which we interpret that charge transfer as a spin filter effect. In summary, we show 

that the mechanisms of ferroelectric polarization and oxygen vacancy migration through the barrier are 

coupled and they should be taken into account when explaining the properties of these devices. 

 

 Last, we turn to the study of low dimensional materials systems for energy. Electric conduction properties 

in ionic conductors are determined by presence of point defects, and also by lattice strains in thin films. 

This is especially the case in oxide films such as Y2O3:ZrO2 (YSZ), where the carriers are oxygen vacancies 

themselves. We have grown a series of epitaxial Y2O3:ZrO2(111) (8% mol) thin films on YAlO3(101) 

substrates. Reciprocal space maps reveal that the samples present a domain matching epitaxy despite the 

lattice mismatch, promoting high quality growth. However, the dissimilar symmetries at the interface 

strongly affect the conduction properties of our YSZ films. Dielectric spectroscopy measurements have 

shown the presence of two kind of carriers, seemingly electronic and ionic in nature. STEM-EELS 

experiments reveal a highly strained interfacial layer (within the first 4-5 nm of YSZ) where an abrupt 

change in the lattice structure takes place, revealing an inhomogeneous strain relaxation process. Enhanced 

conductivity values are measured within these interfacial areas, localized within the first 4-5 nm of YSZ. 

Our findings suggest that interfacial effects due to new reconstructions can be responsible for the presence 

of two types of carriers involved in the conduction process. 

 

Summary 

 

Throughout this thesis, an extensive study of different oxide perovskite thin films and heterostructure 

devices of interest in spintronics and energy has been carried out. All the systems involved in our experiments 

present one or more interfaces where different oxides come face-to-face. The most usual point defect in these 

systems - oxygen vacancies- has been employed as a tuning parameter to promote novel behaviors. In all of these 

cases we have tried to make a connection between microscopic phenomena associated with O vacancies and 

macroscopic effects. While many questions remain unanswered, our results should be taken into account in order 

to harness the physical properties of future devices where O deficient complex oxides are combined. 
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