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Structural and optical properties of Si-doped GaN thin films grown by metal-organic chemical vapor deposition have been studied by means of high resolution x-ray diffraction 共XRD兲, atomic force microscopy,
photoluminescence, photothermal deflection spectroscopy, and optical transmission measurements. The incorporation of silicon in the GaN films leads to pronounced tensile stress. The energy position of the neutral donor
bound excitonic emission correlates with the measured stress. The stress induced near band gap luminescence
shift is estimated to 19⫾2 meV/GPa. An increasing concentration of dopant impurities in the films leads to
asymmetries of the XRD and photoluminescence spectra, which are probably related to a stress induced
inhomogeneous distribution of dopants. Atomic force microscopy observations of surface modulation with
increasing silicon doping support this latter statement. Transmission and photothermal deflection spectroscopy
measurements are used to determine the band gap energy and Urbach energy of highly doped samples.

I. INTRODUCTION

II. EXPERIMENT

Silicon has become the usual donor in intentionally doped
n-type GaN films. It has a shallow donor level with an ionization energy of 30 meV.1–3 The dependence of the optical,
electrical, and structural properties of the GaN thin films on
Si doping has already been reported,4–8 although the observed trends are not well understood. Among others, the
stress relaxation in Si-doped GaN and undoped GaN films
has been the focus of a number of recent studies.4,9–11 The
effect of silicon doping on the mechanism of stress relaxation and defect formation in GaN is still under discussion.
Ruvimov et al.4 suggest that the thermal stress is partly relaxed by migration of threading dislocations, leaving additional misfit dislocations in the basal plane. On the other
hand, Lee et al.9 discuss a silicon-doping induced defect formation during the cool-down process as a possible origin of
the stress relaxation. Results of other authors6 indicate that
the strain relaxation due to Si incorporation is not significant
up to Si concentrations of 2⫻1017 cm⫺3 . Concerning the
optical properties, a shift of the optical band gap E g towards
lower energies with increasing silicon doping has often been
observed, which was attributed to strain relaxation.4 The observed strong correlation between electrical and optical
properties4 is explained by a model which assumes a random
distribution of impurities and defects that may produce local
strain and potential fluctuations.4,8
In the present work silicon doped GaN films grown by
metal-organic chemical vapor deposition 共MOCVD兲 have
been characterized by means of highly resolved x-ray diffraction 共HRXRD兲, atomic force microscopy 共AFM兲, photoluminescence 共PL兲, photothermal deflection spectroscopy
共PDS兲, and transmission measurements in order to study in
detail the effect of silicon doping on the structure and the
optical properties of GaN films. Special attention is paid to
the discussion of stress related effects and the shift of the
band gap energy observed for strong Si doping.

1-  m-thick samples have been grown by means of
共MOCVD兲 on c-plane sapphire using triethylgallium 共TEG兲
and ammonia at substrate temperatures of 1000 °C. To improve the structural properties of the films, a GaN buffer
layer was grown at low temperature. The samples were transparent and mirrorlike. The carrier concentration and mobilities of the samples were determined by Hall measurements
and atomic force microscopy was used to investigate the
sample surface. XRD measurements have been performed
with a Phillips X’Pert mrd diffractometer equipped with a
PW3050120 goniometer, a channel cut Ge关220兴 analyzer,
and a 4-crystal monochromator in Ge关220兴 mode. The resolution achieved is ⌬⌰⫽12⬙ .
PL measurements have been performed under excitation
with the 351.1-nm line of an Ar⫹ laser, using an excitation
power of 20 mW. A continuous flow He cryostat was used
for temperature variation from 5 to 300 K. The luminescence
was detected with a 0.8-m double monochromator and a
cooled photomultiplier in the photon counting mode. To determine the absorption coefficient of the silicon doped layers
versus energy, we haved used transverse PDS12,13 and transmission measurements using a Perkin Elmer Lambda 900
double beam spectrometer with a resolution between 1 and 5
nm in the range 0.6–4 eV. The attractive feature of PDS is
its extremely high sensitivity. Absorbance values of groupIII–nitride epitaxial films on sapphire substrates as low as
␣ d⫽10⫺4 ( ␣ is the absorption coefficient and the d thickness兲 can be determined. Details concerning the use of PDS
for characterization of group-III nitrides have been reported
elsewhere.14
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III. RESULTS
A. XRD

In Table I we summarize the carrier concentration and
structural data of the samples investigated here. In order to
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TABLE I. Electrical and structural parameters of the samples: carrier concentration n, lattice constants a
and c, hydrostatic stress  hyd , in-plane stress  储 , and layer thickness d.
Sample

n (cm⫺3 )

a (Å)

c (Å)

 hyd (GPa)

 储 (GPa)

d (nm)

A
B
C
D
E
F

4.7⫻1016
3.0⫻1017
1.0⫻1018
2.2⫻1018
5.0⫻1018
8.0⫻1018

3.1815
3.1818
3.1872
3.1898
3.1898
3.1917

5.1909
5.1906
5.1868
5.1846
5.1841
5.1826

⫺0.07
⫺0.07
⫺0.07
⫺0.07
⫺0.07
⫺0.07

⫺0.96
⫺0.92
⫺0.16
0.21
0.22
0.51

1100
920
1470
2095
1375
1120

study the structural quality and to determine the lattice constants of the samples, 2⌰ –⍀ scans and rocking curves were
recorded for the symmetric reflections 共002兲, 共004兲, and
共006兲, as well as a reciprocal space map 共RSM兲 for the asymmetric reflection 共205兲. From a comparison of the FWHM of
the different symmetric reflections15 the broadening of the
rocking curves can be ascribed to an increasing tilt of the
samples. The full width at half maximum 共FWHM兲 of the
rocking curves are about 50 arcsec for all the samples, with a
minimum FWHM of 30 arcsec for the undoped sample and a
maximum FWHM of 75 arcsec for the sample with the highest carrier concentration. This shows the high structural quality of the layers. The shape of the 2⌰ –⍀ scans shows a
strong dependence on the carrier concentration, as shown in
Fig. 1. The asymmetric shape of the 2⌰ –⍀ scan can be
attributed to a stress gradient normal to the sample surface.
In addition thin film oscillations are observed for the 2⌰ –⍀
scan of undoped GaN. These oscillations are usually not seen
for a layer thickness of about 1  m and demonstrate the extremely flat surfaces and the overall high structural quality of
the sample. With increasing doping level the asymmetry of
the 2⌰ –⍀ scans grows and an additional shoulder appears
on the side of greater c lattice constants. None of the doped
samples show any oscillations. The lattice constants have
been calculated taking the refractive index correction into
account as follows:
d hkl ⫽ 共 /2兲 sin ⌰ 关 1⫺ 共 1⫺n 兲 /sin2 ⌰ 兴 ,

共1兲

 being the x-ray wavelength, n the corresponding refractive
index of GaN, and d hkl the distance between planes given by

FIG. 1. 2⌰ –⍀ scans of the doped samples. In the inset the
2⌰ –⍀ scan of the undoped GaN film 共sample A) is shown for
illustration of the oscillations due to the changes in film thickness.

the Miller indices (hkl). The c lattice constants were calculated from all the symmetric reflections, while the a lattice
constant could only be calculated from the asymmetric 共205兲
reflex. The achieved precision was ⌬c/c⫽5⫻10⫺5 and
⌬a/a⫽1⫻10⫺4 . In Fig. 2 the a vs c lattice constants for the
samples are plotted and compared to data for fully relaxed
GaN.16 The measured values follow a straight line as would
be expected for biaxial stress, with the undoped and weakly
doped samples under compressive stress and the higher
doped samples under tensile stress. In order to understand
this observation, we have calculated the change of the lattice
constants for GaN and sapphire during the cool-down process. The difference of the thermal expansion coefficients
共TEC兲 of the substrate and the epitaxial layer can account for
the compressive stress found for the undoped sample.17,18
This leads to the conclusion that the deposited layers were
fully relaxed or only slightly stressed during the growth. The
incorporation of Si into the layer not only leads to strain
relaxation, as generally considered, but also induces tensile
strain in the layer. In addition to the biaxial strain, an overall
shift towards higher lattice constants can be seen in comparison to fully relaxed GaN. This shift can be ascribed to tensile
hydrostatical pressure, probably caused by point defects.
B. AFM

The AFM images of the samples show some differences
depending on the carrier concentration. The AFM images of
sample A, with the lowest carrier concentration of 4.7
⫻1016 cm⫺3 , and F, the one with the highest carrier concentration (8⫻1018 cm⫺3 ), are shown in Fig. 3. Growth
steps between monolayers of the crystal surface are clearly

FIG. 2. Lattice contant c versus lattice constant a.
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FIG. 4. PL spectra of 共a兲 undoped sample A with 4.7
⫻1016 cm⫺3 electron concentration and doped sample F with 8
⫻1018 cm⫺3 electrons; 共b兲 detail of the spectra of sample F recorded at low temperature and at room temperature.
C. PL

FIG. 3. AFM images of 共a兲 undoped sample A, and 共b兲 doped
sample F.

observed for the undoped sample, together with pinholes,
which seem to pin the growth steps. The surface topography
is homogeneous across the sample. This surface morphology
is consistent with the 2⌰ –⍀ scans and rocking curves for
this sample showing thin film oscillations and the lowest
FWHM, respectively. Sample F also has a low surface rugosity, although single growth steps are not observed. Contrary to the undoped sample, the surface of this sample
shows wavelike modulations on a m scale, with an amplitude of 8 nm. These features may be associated with local
differences in the doping and/or stress distribution in the
sample, which is also suggested by the asymmetric form of
the corresponding 2⌰ –⍀ scan.

In order to study the influence of silicon doping on the
radiative recombination properties of the samples, photoluminescence spectra have been recorded at different temperatures. As shown in Fig. 4共a兲, spectra for doped samples taken
at 5 K present the well-known neutral donor bound exciton
transition at about 3.45 eV for the most strongly doped
sample F, together with the weak donor-acceptor pair transition with phonon replicas. The spectrum of the undoped GaN
at low temperature shows two excitonic emissions at about
3.47 and 3.49 eV, which correspond to the donor bound exciton and the free exciton transitions, respectively. Again,
weak donor-acceptor replicas are observed in the spectrum.
In the spectrum of the most highly doped sample an additional peak of unknown nature at about 3.36 eV is observed
at low temperatures, as shown in Fig. 4共b兲. At room temperature the donor-acceptor pair recombination is quenched, and
the only observable features in the spectra, as shown in Fig.
4共b兲 for sample F, are near band emissions whose nature will
be discussed later. The donor-acceptor pair to excitonic transition intensity ratio does not show any systematic correlation with doping. As expected, a linear relationship is ob-
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FIG. 6. Evolution with temperature of the 共a兲 FWHM of the
excitonic luminescence and 共b兲 peak position for sample A (4.7
⫻1016 cm⫺3 ) and sample F (8⫻1018 cm⫺3 ).

FIG. 5. Photoluminescence band gap E g 共a兲 versus carrier concentration and 共b兲 versus stress.

served between the energy position of the D 0 X transition and
the residual in-plane-strain, ⑀ 储 共Fig. 5兲. The slope of this
linear fit has the value k⫽⫺8.7⫾0.6 eV, which is in good
agreement with the data reported in the literature8,19
(⫺8.4 eV and ⫺9.4 eV, respectively兲. From this fit we can
estimate the position of the D 0 X transition for relaxed GaN
to 3.462 eV. For this estimate we have taken into account
that due to the low temperature 共5 K兲 for the PL measurements, ⑀ 储 increases by 7⫻10⫺4 共Ref. 20兲 with respect to the
room temperature strain measured by XRD. The position of
the maximum of the band to band transition observed at
room temperature exhibits also a good linear relationship
with the residual in-plane strain measured by XRD. In this
case the value of the slope is k⫽⫺8.6⫾1.3 eV, in agreement with the result obtained from the low temperature measurements. The D 0 X transition for relaxed GaN at room temperature is estimated to 3.421 eV. A pronounced asymmetry
of the excitonic transition at low as well as at room temperature is clearly observed in Fig. 4 for the strongly doped
sample F. This result is in agreement with the asymmetry of
the rocking curves. A similar asymmetry of the E 2 phonon
mode in Raman measurements has been also observed.21 The
correlation between these asymmetries observed in PL, Raman, and x-ray spectra are currently studied in more detail.
Figure 6 shows the temperature dependence of the PL linewidth FWHM and the energy position of the excitonic transitions for the undoped GaN film 共sample A) and the most
strongly doped sample F. For the undoped sample the donor
bound exciton emission disappears above 100 K.

D. PDS and optical transmission

In order to determine the optical band gap E g of the
samples, transmission and PDS experiments were carried
out. In Fig. 7 the PDS spectra of the samples are shown. E g
has been determined as the energy for which the absorption
coefficient reaches a value of ␣ ⫽104.85 cm⫺1 . 14 In undoped
GaN, this value of ␣ corresponds to the energy of the free
exciton. The results are consistent with those obtained from
transmission measurements. In Fig. 8共a兲, the values of the
band gap E g have been plotted versus the carrier concentration in the samples. For samples with carrier concentration n
below 2⫻1018 cm⫺3 a reduction of the band gap energy is
observed, while for those samples with n above 2
⫻1018 cm⫺3 there is an increase of E g . The contribution
expected from the Burstein-Moss shift22 is also plotted. The
values of the PL peak positions at 5 K and 300 K are in-

FIG. 7. Absorption coeficient of the samples calculated from the
PDS spectra.
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FIG. 8. 共a兲 Comparison between the band gap energy measured
by PDS and PL. The contribution of the Burstein-Moss effect is
also plotted for comparison, and 共b兲 Urbach energy vs carrier concentration in the samples.

cluded for comparison. From the exponential decay of ␣ GaN
with photon energy below the band edge, an Urbach tail
parameter EUrb was calculated using the expression

␣ ⫽ ␣ 0 exp共 ប  /E Urb 兲 .

共2兲

Such an exponential absorption edge can originate from
structural disorder, point defects, excitonic transitions, or inhomogeneous strain in the films. The observed value of the
Urbach energy versus carrier concentration is shown in Fig.
8共b兲.
IV. DISCUSSION

From the XRD results we conclude that the incorporation
of silicon induces tensile stress in GaN films. Stress data on
Si-doped GaN reported in the literature have so far been
interpretated solely in terms of compressive stress relaxation
because the a constant of the lattice has not been measured.
The origin of this relaxation is still controversial. Lee et al.9
discussed the stress relaxation as being related to Si-doping
induced defects, which result in the broadening of the
FWHM of the XRD reflexes. These defects would be formed
during the cool-down process. This is in contradiction to the
results shown by Ruvimov et al.4 They observed that the
dislocation density was reduced by silicon doping. Also the c
lattice constant was decreased and the bound exciton peak
was shifted to lower energy. As a possible origin, Ruminov
et al. suggested that Si mostly affects the dislocation structure during the GaN growth, perhaps by changing the atom
mobility and the number of growth islands at the initial stage
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of the growth, and/or changing the dislocation mobility.
Aoyagi and co-workers23–25 have used the influence of silicon on the growth of GaN, InGaN, and AlGaN to grow
quantum dots. In these studies it has been demostrated that
silicon acts as a surfactant at the initial stages of growth,
inducing a three-dimensional Stranski-Krastanow growth
mode.26 The asymmetry of the XRD reflections is an indication of inhomogeneous stress distribution in the layer, which
could also be related to an inhomogeneous distribution of
dopants, as this asymmetry increases with silicon incorporation. The asymmetric peaks observed in XRD, PL, and Raman measurements may have the same origin and could be
related to the surface modulation observed in the AFM images. In other material systems, as for example Gex Si1⫺x
layers, surface ripples develop due to elastic stress relaxation, and the ripple wavelength is controlled by the germanium content.27 In the same way, the surface modulation
observed in our films could originate from the inhomogeneous doping induced elastic stress relaxation of the film. In
addition, we have observed an increase of the FWHM of the
near band PL emission with silicon doping. Such a behavior
would be in agreement with the calculations based on a
model of potential fluctuations caused by a random distribution of doping impurities.8 Band filling due to the Burstein
effect22 is not taken into account as it does not play a role for
n⬍N c , where N c is the effective conduction band density of
states in GaN (N c ⫽2.3⫻1018 cm⫺3 ). Broadening due to
band filling does not occur for low doping levels below N c .
Therefore the shift of the PL correlates with the residual
stress ⑀ 储 , as observed in Fig. 4共a兲. We estimate the stress
induced luminescence shift to 19⫾2 meV/GPa, using the
elastic constants of Ref. 28. Other values found in the
literature11,29 for undoped GaN films are about 21–27 meV/
GPa assuming biaxial compressive stress and 42 meV/GPa
determined by hydrostatic pressure experiments, respectively, but depend strongly on the values used for the elastic
constants. The evolution of the PL emission with temperature shows the quenching of the neutral donor bound exciton
emission above 100 K for samples with low carrier concentration. In samples with high concentration of carriers there
is only one excitonic emission in the whole temperature
range. Based on the large energy shift between emission and
absorption, emission is related to a donor bound excitons. In
all cases the intensity of the excitonic emissions decays rapidly with increasing temperature showing an aproximately
constant integrated emission from 100 K up to room temperature. In contrast to the film with low carrier concentration, in the sample with the highest silicon doping the
FWHM of the excitonic emission increases with temperature, following aproximately a linear behavior from about 15
meV at 4 K to 70 meV at room temperature. This can be
explained in terms of a random distribution of dopant impurities that get ionized with increasing temperature 共band filling兲 and would be in agreement with emission due to donor
bound excitons. The peak shift to lower energies with temperature is in agreement with the expected E g shift. The
comparison of the band gap energy as measured by PL and
PDS, E g (PL) and E g (PDS) at room temperature shows good
agreement for low n. This is an indication of band to band or
excitonic recombination for n⭐N c . In the range n⬎N c the
emission presents a noticeable shift with respect to the ab-
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sorption which increases with carrier concentration as observed in Fig. 8共a兲. When the carrier concentration reaches
N c band filling effects are appreciable in the absorption measurements, as absorption takes place from valence band
states to free conduction band states. The formation of a
silicon donor band would imply a reduction of the photoluminescence energy E g (PL) with increasing carrier concentration, as illustrated in Fig. 8共a兲, which is in agreement with
the observed Stokes shift between absorption and luminescence emission at high carrier concentrations. In addition the
evolution of the Urbach energy, E Urb , with carrier concentration as shown in Fig. 8共b兲, can be interpreted in terms of
the introduction of a random distribution of dopant atoms
and dopant related defects, as well as inhomogeneous stress
and the formation of the silicon donor related band, in the
range n⬍N c with increasing silicon doping. The considerable reduction of the FWHM of the rocking curves of
samples with n⬎N c could induce the decrease of the Urbach
energy. The obtained values for E Urb are of the order of the
equilibrium thermal disorder kT⬍E Urb ⬍2kT for all studied
samples, which is an indication of good optical and structural
quality.

2817

tration of dopant atoms a tensile stress is observed. This is a
manifestation of the strain compensation at a molecular level
that takes place upon substitution of Ga atoms by silicon in
the unit lattice. The most significant effect related to the
silicon doping in the optical properties of the films is the
stress induced shift of the excitonic emission. From our measurements the stress induced near band gap luminescence
shift is estimated about 19⫾2 meV/GPa. In films with high
silicon content the neutral donor bound excitonic emission is
not quenched at room temperature showing a Stokes shift to
the absorption, which would be an indication of the formation or activation of a silicon-donor related band. The evolution of the optical gap E g with temperature could be explained in terms of the stress induced optical shift, dominant
for samples with a low density of carriers, and band filling,
observable for samples with carrier concentration n⬎N c ,
where N c is the effective density of states in GaN (N c ⫽2.3
⫻1018 cm⫺3 ). The measured value of the Urbach energy is
of the order of the thermally induced disorder for all studied
samples, indicating good crystalline quality. Its behavior
with carrier concentration may be related to the decrease of
the strain dispersion in the films and the formation of a silicon donor band.

V. CONCLUSIONS

Structural and optical properties of silicon-doped GaN
thin films have been studied by means of XRD, AFM, PL,
PDS, and transmission measurements. The silicon incorporation induced a relaxation of the compressive stress in films
with low carrier density, while in films with higher concen-
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